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Dr. Péter Richter
dr. Katalin V. Josepovits

Budapest University of Technology and Economics, Department of Atomic Physics
and Research Institute for Technical Physics and Materials Science

2009

To my Family

Contents
I

Introduction

iv

1 Motivation

1

1.1

SiC based electronics . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

1

1.2

SiC based MEMS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

2

1.3

SiC in biological applications . . . . . . . . . . . . . . . . . . . . . . . . . . . .

4

2 Overview of the research field

5

2.1

SiC growth on Si . . . . . . . . . . . . . . . .
2.1.1 Heteroepitaxial growth of 3C-SiC . . .
2.1.2 SiC NCs by ion implantation . . . . .
2.1.3 SiC NCs from CO at SiO2 /Si interface
2.1.4 SiC NCs from CO on pure Si surface .

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

.
.
.
.
.

5
6
6
7
14

2.2

Introduction to classical nucleation and growth
2.2.1 Classical nucleation theory in fluids . .
2.2.2 Classical nucleation theory in solids . .
2.2.3 Equilibrium shape . . . . . . . . . . . .
2.2.4 Growth processes . . . . . . . . . . . . .
2.2.5 Separation of nucleation and growth . .
2.2.6 Carbon in Silicon . . . . . . . . . . . . .

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

.
.
.
.
.
.
.

17
17
19
20
21
24
25

3 Goals

27

4 Experimental techniques

28

4.1

CO annealing . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

28

4.2

Microscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

30

4.3

Methods used for isotopic tracing . . . . . . . . . . . . . . . . . . . . . . . . . .

31

4.4

Sample preparation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

33

4.5

Electrical measurements . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

34

i

CONTENTS

II

CONTENTS

Results and discussion

35

5 CO diffusion in SiO2
5.1

36

Experimental . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
5.1.1 Location of 13 C and 18 O . . . . . . . . . . . . . . . . . . . . . . . . . . .
5.1.2 13 C and 18 O incorporation as a function of SiO2 initial thickness, CO
pressure and annealing time . . . . . . . . . . . . . . . . . . . . . . . .

36
37

5.2

Interfacial reaction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

40

5.3

Analysis of the CO diffusion . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

43

5.4

Technical consequences . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

47

5.5

Summary - CO diffusion in SiO2 . . . . . . . . . . . . . . . . . . . . . . . . . .

48

6 Nucleation and growth of SiC NCs

38

50

6.1

Experimental . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
6.1.1 Experiments in 5×103 Pa (5 at.%) CO . . . . . . . . . . . . . . . . . . .
6.1.2 Experiments in 105 Pa (100 at.%) CO . . . . . . . . . . . . . . . . . . .

50
50
54

6.2

Theory of nucleation and growth . . . . . . . . . . . . . . . . . . . . . . . . . .
6.2.1 Growth theory of SiC NCs . . . . . . . . . . . . . . . . . . . . . . . . .
6.2.2 Nucleation theory of SiC NCs . . . . . . . . . . . . . . . . . . . . . . . .

57
57
59

6.3

Summary - Nucleation and growth . . . . . . . . . . . . . . . . . . . . . . . . .

68

7 Orientation dependent morphology and nucleation

69

7.1

Experimental . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
7.1.1 Experiments in 5×103 Pa (5 at.%) CO . . . . . . . . . . . . . . . . . . .
7.1.2 Experiments in 105 Pa (100 at.%) CO . . . . . . . . . . . . . . . . . . .

69
69
72

7.2

Orientation dependent morphology . . . . . . . . . . . . . . . . . . . . . . . . .

73

7.3

Orientation dependent nucleation . . . . . . . . . . . . . . . . . . . . . . . . . .

76

7.4

Summary - Orientation dependencies . . . . . . . . . . . . . . . . . . . . . . . .

77

8 Nucleation and growth on grain boundaries, defects and edges
. .
. .
Si
. .

.
.
.
.

.
.
.
.

.
.
.
.

.
.
.
.

78

8.1

Experimental . . . . . . . . . . . . . . . . . . . .
8.1.1 Nucleation on grain boundaries . . . . . .
8.1.2 Nucleation around defects in single crystal
8.1.3 Nucleation around edges and corners . . .

.
.
.
.

.
.
.
.

.
.
.
.

.
.
.
.

.
.
.
.

.
.
.
.

.
.
.
.

.
.
.
.

.
.
.
.

.
.
.
.

.
.
.
.

78
78
80
80

8.2

Discussion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

82

8.3

Summary - SiC on defects . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

84

9 Electrical characterization of CO annealing
9.1

Experimental . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
ii

85
85

CONTENTS

CONTENTS

9.2

Defect formation during CO annealing . . . . . . . . . . . . . . . . . . . . . . .

87

9.3

Summary - Electrical characterization . . . . . . . . . . . . . . . . . . . . . . .

90

Theses

91

Acknowledgement

97

Bibliography

98

iii

Part I

Introduction

Chapter 1

Motivation
In the following chapter various advantageous application of silicon carbide (SiC) will be introduced, which motivated my PhD studies.

1.1

SiC based electronics

SiC is a IV-IV wide band gap (2.3-3.4 eV) semiconductor with high thermal conductivity
(3.2-4.9 W/cmK), excellent thermal stability, high breakdown field (30-105 V/cm) and high
saturated electron velocity (2-2.5×107 cm/s). SiC-based semiconductor electronic devices and
circuits have great potential in the field of high-temperature (defence, aerospace, automobiles
sectors) [1,2], high power (electricity distribution, locomotive sectors) [3], high frequency (communications for defense, as well as private sectors) and radiation-resistant (nuclear power instrumentation) applications [4,5], where conventional silicon (Si) based semiconductors cannot
adequately perform.
SiC‘s small intrinsic carrier concentration theoretically permits device operation at junction
temperatures exceeding 800◦ C [6], while Si based device operation is confined to temperatures
below 300◦ C. Among others NASA Glenn Research Center Sensors and Electronics Branch
are presently developing SiC based electronics for use under extreme conditions [6, 7]. In 2007
Neudeck et al. (NASA) fabricated and electrically operated SiC integrated circuits (ICs) for
2000 hours at 500◦ C [8]. Fig.1.1 shows their SiC chip under testing at 650◦ C [9].
SiC‘s ability to function under such extreme conditions is expected to make possible major improvements to a wide variety of applications and systems [6]. Spacecraft with high
temperature, radiation hard SiC electronics will enable challenging missions in hostile environ1
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Figure 1.1: The circular heating element and 5 × 5 mm square SiC chip are both glowing red-hot.
The diode being tested electroluminescens blue light when forward biased. SiC devices have repeatedly
demonstrated proper operation at temperatures as high as 650 ◦ C. Si-based semiconductor electronics
cannot function at these temperatures [9].

ments, such as Venus’s sizzling 450◦ C atmosphere, where the use of uncooled SiC electronics is
required [10]. SiC electronics and sensors that could function mounted in hot engine and aerosurface areas of an automobile or an aircraft would enable substantial weight savings, increased
jet engine performance, and increased reliability [6, 11], it would lead to better combustion
monitoring and control, which results in cleaner burning, more fuel efficient engines [6, 12].
SiC based microwave electronics can function at large power densities and high temperatures
offering significant improvements to wireless communications and radar [6, 13]. Theoretical
appraisals have indicated that SiC power MOSFET’s and diode rectifiers would operate over
higher voltage and temperature ranges, have superior switching characteristics, and yet have
die sizes nearly 20 times smaller than correspondingly rated Si-based devices [14]. Superior
SiC power electronics could increase the efficiency and reliability of the public electric power
distribution system [6, 15].
In order to widely realize these tremendous theoretical advantages in commercially available
SiC devices, SiC crystal growth and device fabrication technologies need to be developed to
the degree required for reliable incorporation into most electronic systems [6].

1.2

SiC based MEMS

The Si based piezoresistive pressure sensor is one of the most successful MEMS (Micro Electromechanical System) devices, but it is hard to apply in harsh environments, e.g., high temperature, intense shock or vibrations, erosive flows, corrosive media, high electromagnetic radiation, etc., due to the limitation of Si’s material properties [16]. However, there are huge
potential applications for micro-pressure sensors in ocean development, chemical industry, oil
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Figure 1.2: (a) Coated sensor after 20 min KOH etching and (b) uncoated sensor after 1 min KOH
etching [17].

or gas plant and aerospace, where extreme conditions exist [17].
SiC has some excellent mechanical properties e.g. hardness (Knoop hardness 24,3 GPa),
Young’s modulus (700 GPa) and wear resistance (9.15) [4], which address some shortcomings
of Si based MEMS. SiC is not etched by most acids and it does not melt, but sublimes above
1800◦ C [4], which makes it a desirable material for harsh environment MEMS [18]. For example,
SiC’s excellent durability is being examined as enabling for long-duration operation of electric
micromotors and micro jet-engine power generation sources where the mechanical properties
of Si appear to be insufficient [19].
Unfortunately, the same properties that make SiC more durable than Si also make SiC more
difficult to micromachine. The majority of SiC micromachining to date has been implemented
in heteroepitaxial cubic SiC (3C-SiC) and polycrystalline SiC deposited on Si wafers [6, 20].
Recent developments in the deposition, doping, and etching of polycrystalline 3C-SiC films
[21–24] are leading to a growing emergence of SiC MEMS devices. Among those we can find
mechanical filters [25], pressure sensors [26], and strain sensors [27] using polycrystalline SiC
on Si.
PECVD SiC thin film can be utilized not only as the structural material of MEMS devices,
but also as a protective material for coating and packaging of micromachined Si parts [28].
Zhang et al. reported a PECVD SiC anti-erosion coating technology of a piezoresistive pressure
sensor recently [17]. Fig.1.2 shows the comparison of coated and uncoated sensors in KOH
etching. Results showed that the pressure sensor coated by a 1 µm thick PECVD SiC was intact
after 20 min KOH etching (1.2(a)), whereas the uncoated sample was completely destroyed in
KOH after 1 min etching (1.2(b)). It clearly shows that the SiC coating layer can protect
normal Si based sensors in a chemically aggressive environment.

3
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Figure 1.3: (a)Fluorescence microphoto (200x magnification) of two single cells containing the 3C-SiC
QDs. (b)size distribution diagram of the 3C-SiC QDs [30].

1.3

SiC in biological applications

Bulk SiC is known to be a biocompatible material, which have been demonstrated by several
[29,30] interesting biomedical applications of this material. Nanometer sized SiC/SiO2 systems
compared to Si/SiO2 was found to be more biocompatible due to the thin native SiO2 structure
[31].
Wu et al. reported strong photoluminescence of 3C-SiC nanoparticles in the visible spectra
[32]. Colloidal solution can be made of the SiC quantum dots (QDs) [33] and after a storage in
air for more than 7 months, the 3C-SiC QDs were still uniformly dispersed in aqueous solution
and maintained their luminescent properties [34].
There is a huge interest in developing new probes for tagging molecules and observing
changes in their cellular concentrations and activities in living cells by fluorescent microscopy
[30]. II-VI and III-V semiconductors QDs have attracted significant scientific interest over the
past two decades due to their remarkable luminescent properties which can’t be found in either
isolated molecules or bulk solids [35].
Compared to organic dyes and fluorescent proteins, the semiconductor QDs offer size and
composition induced tunable emission and high quantum yield. However the widely used II-VI
semiconductors QDs were found to be cytotoxic through the release of free metallic ions e.g.
Cd+ ) [36], therefore a protective shell must be systematically added. But no protective shell
can guarantee an efficient chemical isolation of the extremely toxic luminescent core of the II-VI
based QDs in efficient living cell environment. In order to completely avoid this problem, one
has to use QDs based on biocompatible materials. Botsoa et al. [30] reported the application of
highly luminescent, biocompatible (hence containing no specific protection), hydrophilic QDs
based on SiC for biological cell imaging (Fig.1.3).
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Chapter 2

Overview of the research field

2.1

SiC growth on Si

SiC occurs in many different crystal structures, called polytypes [37]. The most common polytypes of SiC being developed for electronics are 3C-SiC (cubic), 6H-SiC, 4H-SiC (hexagonal)
and 15R-SiC (rhombohedral). 3C-SiC is widely applied as substrate for GaN epitaxy [38].
Among the different SiC polytypes, the cubic one has physical properties, which are particularly superior for MOS device applications in the medium voltage range of about 1500 V [39].
Table 2.1 shows the comparison of selected important semiconductor electronic properties of
3C-SiC with Si, GaAs and 2H-GaN at 300 K.
Property
Bandgap [eV]
Relative dielectric constant
Breakdown field ND =1017 cm−3 [MV/cm]
W
Thermal conductivity [ cmK
]
Intrinsic carrier concentration [cm−3]
2
Electron mobility at ND = 1016 cm−3 [ cm
Vs ]
2
Hole mobility at NA = 1016 cm−3 [ cm
Vs ]
Saturated electron velocity [107 cm/s]
Young modulus [GPa]
2005 Commercial wafer diameter [cm]

Silicon
1.1
11.9
0.6
1.5
1010
1200
420
1.0
165
30

GaAs
1.42
13.1
0.6
0.5
1.8 × 106
6500
320
1.2
85.5
15

3C-SiC
2.3
9.7
1.8
3-5
∼ 10
750
40
2.5
700
15

2H-GaN
3.4
9.5
2-3
1.3
∼ 10−10
900
200
2.5
215
none

Table 2.1: Properties of major SiC polytypes compared to Si, GaAs and 2H-GaN at 300K [6].

5

2. Overview

2.1.1

2.1. SiC growth on Si

Heteroepitaxial growth of 3C-SiC

Due to the lack of a suitable bulk growth technique, 3C-SiC has been heteroepitaxially grown
on Si substrates for many years. This allows to combine the specific properties of crystalline
SiC with Si for devices. It has distinct advantages also for MEMS as it can be integrated with
widely used Si micromachining techniques [4].
The heteroepitaxial growth of 3C-SiC on Si substrates has been carried out at 1000-1400◦ C
using conventional chemical vapor deposition (CVD) with a carbonization step [40]. In the
carbonization step a buffer layer is produced to relieve the large (∼20%) lattice mismatch
between Si and 3C-SiC [41]. Study of the SiC core crystals which were formed on Si during
the carbonization process is an important issue, as it was found that the crystalline properties
and surface morphology of the carbonization layer on Si strongly influences the subsequent
epitaxial SiC growth [42].
Carbonization of Si surface is commonly performed using wide variety of CVD growth
techniques [43–48], gas source [49,50] or solid source [51] molecular beam epitaxy (MBE), laser
ablation [52], or C60 deposition [53]. High temperature is necessary for these experiments
because of the low chemical reactivity of the carbon sources (e.g. C3 H8 source needs 13301360◦ C to decompose [41]).
Two main defect structures are generated at the 3C-SiC/Si interface during most deposition
processes: pyramidal voids and micropipes (Fig.2.1) [54]. Both kinds of defects are formed by
outdiffusion of Si during the high temperature carbonization process [55]. Schematics of void
formation is shown on Fig.2.1. In contrast to voids which initially remain empty, micropipes
develop by simultaneous ingrowth of SiC [56].
There are only a few experimental results on SiC growth on Si which explicitly stress the
nonappearance of voids at the interfaces [19, 20].
Applying alternative carbon sources that can decompose at low temperatures is desirable
for SiC epitaxial growth on Si [42]. Unsaturated hydrocarbon compounds such as ethylene
(C2 H4 ) and acetylene (C2 H2 ) tend to decompose more easily than the saturated C3 H8 due
to the π electrons. De Crescenzi et al. [57] used C2 H2 as the carbon source in an ultra high
vacuum (UHV) system. They found that nonstoichiometric Si1−x Cx compounds can form on
Si(1 1 1) surface even at a low temperature of 600◦ C, indicating that C2 H2 is a highly efficient
source to carbonize Si surface.
The poor quality of the single crystal growth of this material heteroepitaxially on Si has
hindered its development, which on the other hand makes the field more challenging [4].

2.1.2

SiC NCs by ion implantation

Generally nanocrystalline materials have attracted considerable interest during the past few
years as the reduced size of the crystallites causes changes in the optical, electrical, mechanical
6
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Figure 2.1: Schematics of the formation of (a) a SiC nucleus, (b) a pyramidal void, (c) a micropipe
and (d) TEM cross section image of a thin SiC layer on Si with the initial shapes of micropipes and of
one pyramidal void created during carbonization for 10 s [54].

and thermodynamical properties with respect to the bulk materials [58]. Nanocrystalline SiC
also exhibit interesting electrical and optical properties. While the bulk SiC has indirect band
gap, SiC nanocrystals (NCs) are capable of strong photoluminescence [59]. They can be useful
in biotechnology and nano-optoelectronics applications [30, 34].
There are various groups who used the fairly expensive carbon ion implantation technique to
form SiC crystallites. Frangis et al. [60] has implanted carbon into (001) and (111) Si at 950◦ C,
followed by an annealing at 1250◦ C. Voelskow et al. [61] used a protective oxide layer on Si and
implanted carbon to the interface at room temperature. A second annealing step at 1100◦ C
and 1250◦ C has formed SiC crystals on the vicinity of the Si surface, without voids. Lindner et
al. [62] showed that the high-dose implantation of 180 keV C+ into Si with a 8.5×1017 C/cm+2
dose at 400-600◦ C) implantation temperature resulted oriented SiC precipitates in crystalline
Si with approximately equal size, fairly independent of temperature, beam current density and
depth position beneath the surface.

2.1.3

SiC NCs from CO at SiO2 /Si interface

A unique method was developed in order to form SiC NCs at the Si side of a SiO2 /Si interface
by CO annealing. The phenomena was discovered in 2002 by Krafcsik et al. and patented by
7
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the Department of Atomic Physics of the Technical University of Budapest and the Research
Institute of Technical Physics and Materials Science. Results acting as starting point of my
dissertation will be summarized in the followings.
One of the big advantages of SiC is its natural oxide (SiO2 ) which acts as a passivation
layer. SiO2 on Si and on SiC has the same quality, but the interface state density at SiC/SiO2
is much higher, which is disadvantageous for SiC MOS devices. Carbon released during the
oxidation of SiC may stay at the interface contributing to the high interface state density.
Krafcsik et al. [63] investigated the transport mechanism of carbon in a model SiO2 /Si system
by Secondary Ion Mass Spectrometry (SIMS). A possible carbon containing diffusion species
can be the CO, hence model systems were thermally treated in CO containing gas. They found
that this heat treatment results in growing heteroepitaxial SiC NCs at Si side of the Si/SiO2
interface.

Identification of the SiC NCs
In the experiments high-quality SiO2 layers were used with thickness of 100 nm, thermally
grown at 1050◦ C in dry oxygen on Si substrates cut from <100>-oriented boron-doped wafers
(resistivity 5.1-6.9 Ωcm). Their goal was to introduce carbon without creating damage in the
oxide by implantation or by high-temperature plasma treatment. The oxidized Si wafers were
annealed in a furnace in Ar gas flow of 100 cm3 /min containing 5×103 Pa (5 at.%) CO (gas
purity 99.995 at.%) for several hours at elevated temperatures (800-1190◦ C).
SIMS depth profiles of 12 C+ , normalized to the yield of 28 Si+ (taken during 3 keV Ar+ ion
sputtering at a background pressure of 6×10−7 Pa), show very small 12 C+ /28 Si+ ratio in the
SiO2 layer but carbon accumulation is observed at the SiO2 /Si interface, entirely on the Si side
(Fig.2.2).
After removal of the oxide by chemical etching in HF, X-ray Photoelectron Spectra was
taken during 3 keV Ar+ ion sputtering (at a background pressure of 5×10−7 Pa) to identify
binding states of the previously found elements. It proved that part of the carbon segregation
in the top layers of Si corresponds to SiC (Fig.2.3).
To investigate the microstructure of the segregates, cross sectional and plan view TEM
specimens were prepared by standard techniques and studied with electrons accelerated by 200
kV. A dark-field image of a sample annealed at 1190◦ C for 3 hrs is shown in Fig.2.4. The
image revealed individual grains of 25-50 nm lateral size and 15-20 nm depth situated on the
Si side of the SiO2 /Si interface. No such grains were found inside the SiO2 layer. The electron
diffraction pattern identifies the grains as cubic 3C-SiC crystallites epitaxial to the Si matrix.
The orientation relationship is (100)h011iSik(100)h011i 3C-SiC. The high-resolution image of
an epitaxial SiC grain in the Si matrix shows, that the SiC crystallites themselves contain few
defects, mainly stacking faults. Both the conventional and the high-resolution micrographs
show no sign of voids in the Si matrix.
8
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Figure 2.2: Positive SIMS depth profile of a Si sample covered by 50 nm thick SiO2 layer after 3
hours annealing in CO at 1190◦ C. 23 Na+ peak shows the position of the SiO2 /Si interface. Carbon
accumulated at the Si side of the SiO2 /Si interface [64].

Figure 2.3: Change of the C1s photoelectron peak during ion sputtering of Si. The line shows the
position related to the C-Si binding energy [64].

9
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Figure 2.4: (a) Dark-field electron micrograph in cross section of a sample annealed at 1190◦ C for
3 hrs taken with (111)SiC reflection. (b) Selected area electron diffraction pattern showing the epitaxial orientation relationship between the Si substrate and the SiC grains. (c) High-resolution electron
micrograph of a 3C-SiC grain embedded in the Si matrix [64].

SIMS proved that carbon is presented in Si, close to the SiO2 /Si interface. XPS showed
that part of the carbon is in form of SiC in the top layer of Si, and TEM identified epitaxial
3C-SiC NCs at the Si side of the SiO2 /Si interface.

Nucleation and growth
From electron microscopy analysis Krafcsik et al. found that the nucleation density of SiC NCs
is 2.5×109 cm−2 [63] while Makkai found this value 4-5×109 cm−2 [65]. Both of them agreed
that this value is independent of the annealing temperature and time. Krafcsik’s experiments
suggested that size of the NCs increases with increasing temperature or time, but it is independent of the oxide thickness [63]. After a 20 hrs heat treatment 90-100 nm wide and 35-40 nm
thick NCs were formed and they grew together without grain boundaries. Heat treatment in
100 at.% CO2 resulted SiC NCs with the same nucleation density and size only more irregular
shapes occurred [63].

Possible transport mechanisms
Transport mechanism of carbon containing species was studied by SIMS. Measurements revealed that below 900◦ C no C accumulation occurred at SiO2 /Si interface. Fig.2.5 shows the
12 C+ ion yield at the SiO /Si interface after a 3 hrs heat treatment in 5×103 Pa (5 at.%)
2
CO at 900, 1000, 1100, 1140 and 1190◦ C. Krafcsik suggested that in this temperature region
the process can be described by only one activation energy, which is 2.2 eV [63]. Activation
energy of CO incorporation into SiO2 is expected to be 1.0-1.2 eV [66]. For carbon built-in it
is necessary to break a Si-Si bond, which is 2.4 eV. Krafcsik et al. suggest that the interfacial
reaction is the limiting process, which can be described by the 2.2 eV activation energy [63].
Below 900◦ C carbon segregation in SiO2 or in Si couldn’t be measured by SIMS. This means
that the carbon concentration should be below 5×1017 atom/cm3 . Krafcsik et al. summarized
10
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Figure 2.5: Temperature dependence of the segregated carbon at the Si side of the SiO2 /Si interface
measured by SIMS [63].

the transport mechanisms as a function of temperature in the investigated system, as follows
(Fig.2.6):
• CO entering into SiO2 takes 1.0-1.2 eV activation energy which results in a concentration
step at the gas/SiO2 interface
• At low temperature (T3 ) the carbon profile in SiO2 decreases towards the SiO2 /Si interface, but this concentration is less than the sensitivity of SIMS (1017 atom/cm3 for
carbon)
• With increasing temperature (900◦ C≥T2 ≥T3 ) the carbon may pile up at the SiO2 side
of the SiO2 /Si interface, since the carbide formation is hampered.

Figure 2.6: The supposed carbon concentration profiles in the investigated system at different temperatures [63].
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Figure 2.7: Possible mechanisms of CO transport and carbide formation [63].

• At high enough temperature (T1 > 900◦ C) the carbide formation is fast enough and
SIMS is able to detect carbon at the Si side of the SiO2 /Si interface
Measurements suggested that the diffusion is much faster than either the CO entering into
SiO2 or the carbide formation, which would mean a uniform carbon distribution in the SiO2
below the sensitivity level of SIMS. It is important to note that between 900-1000◦ C carbon
segregation is detected by SIMS, but no SiC NCs were found by TEM.
The possible mechanism of CO transport and carbide formation is summarized on Fig.2.7
1. The dissociation of CO at the gas/SiO2 interface is unlikely, because the formation of
a carbon and an oxygen interstitial (Ci and Oi ) from gaseous CO requires about 7 eV
according to calculations in α-quartz [66]. Also the diffusion of Ci would be considerably
slower than that of CO [66].
2. Assuming CO to be the fast diffusing species (in accordance with Ref. [67]), dissociation
may occur at the SiC/SiO2 interface. In this case, SiO2 is converted into SiC according
to the generic reaction
2 < CO >gas +2 < SiO2 >solid → 2 < SiC >solid +3 < O2 >gas

(2.1)

Using standard heat of formation data the process is endothermic by about 8 eV and the
volume change is -6.3 nm3 .
3. Or dissociation may occur at the Si/SiC interface (on top of or at the sides of the growing
crystallites, respectively). Here Si is converted to SiC and SiO2 according to the reaction
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Figure 2.8: High-resolution TEM image showing both Si and SiC lattices with the oxide background [68].

4 < CO >gas +6 < Si >solid → 4 < SiC >solid +2 < SiO2 >solid

(2.2)

which is exothermic by 6 eV with a volume change of +4.8 nm3 . (almost all of the latter
is connected with the formation of silica). Therefore, this mechanism seems more likely.

Isolated SiC NCs in SiO2
One of the special applications where Si technology can be combined with capabilities of the
wide bandgap semiconductor SiC, is the charge storage in floating-gate-type MOS devices,
where the floating gate must be surrounded by an insulator. Our group introduced a new,
simple complementary MOS-compatible technique to generate SiC grains embedded in SiO2
[68]. The very same process is suitable to form the embedded grains at different distances from
the Si/SiO2 interface, facilitating thereby, for example the realization of a multivalent memory
structure.
After the carbonization step in CO, a second step, a high temperature dry oxidation was
performed. As a consequence of this thermal oxidation, the cubic SiC grains, formed during
the carbonization process, were separated from the silicon. The original capping oxide grew
thicker, while the SiC grains acted as masking dots for the oxygen diffusion, resulting in the
formation of Si pyramids underneath the SiC grains. During the oxidation of silicon also the
SiC grains were oxidized, but due to their low oxidation rate they roughly preserved their
original shape. The SiC grains lay very close (2-4 nm) to the peak of the Si pyramids, but they
are completely separated, according to the high-resolution electron micrograph on Fig.2.8. The
orientation conditions remained unchanged upon oxidation.
It was shown that with repeating the carbonization plus oxidation steps, a multilevel structure can be formed. On the sample shown in Fig.2.9 the processing sequence consisted of the
following steps:
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Figure 2.9: The microstructure obtained after the repeated growth process and the additional oxidation
step shown in the bright-field TEM image from [110] zone. The two SiC grains are situated at different
levels. (A) Si substrate, (B) Si pyramids in the Si oxide, (C) zone with the second grown SiC grain, (D)
first grown grain level, (E) initial oxide [68].

1. 130 min of carbonization, for growing the first level of SiC grains.
2. 30 min oxidation for the separation of the SiC grains from the Si substrate by thermal
SiO2 .
3. Formation of the second level SiC grains in Si by a 130 min carbonization.
4. Final oxidation for 30 min to separate the lower level SiC grains from the Si.
The resulting structure contains two levels of SiC grains. The first grown ones are farther
away from the Si, their shape appears to be somewhat irregular. The grains deteriorated
significantly during oxidation, which manifests itself in the appearance of stacking faults. This
is the consequence of the relaxation of the strain, formed during the epitaxial growth of the
cubic SiC crystallites on <100> Si with a lattice mismatch of 20%. In Fig.2.9, the Si pyramid on
the right side was partly consumed in the repeated oxidation steps due to the partial oxidation
of the SiC grains. No new grains have been observed under the ones created in the first cycle;
furthermore, no size increase of the first generation of SiC grains has been observed.

2.1.4

SiC NCs from CO on pure Si surface

Palermo et al. [69] studied the reaction of simple molecules (CO, CO2 , CH4 , CH3 OH) with the
Si surface, and checked the ability of these molecules to induce nanoisland growth. The possible
interactions of these molecules with the surface were observed by STM. They annealed p-type
Si (111) wafers under UHV conditions. A sequence of rapid flashes to 1100-1200◦ C removed
the native oxide layer and cleaned the surface. Pressure during flashes was kept below 1×10−9
mbar.
Effect of CO on Si surface was investigated under UHV conditions. After 10 min annealing
in 3x10−7 torr CO at 800◦ C nanoisland growth was observed (Fig. 2.10). To check whether the
14
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Figure 2.10: (a) STM images of Si(111) after exposure to carbon-monoxide molecules, and subsequent
nanoisland growth. Image size is 400×400 nm. (b) STM profiles of nanoislands grown for different
annealing times. The lower curve corresponds to the surface heated for 16 hours without CO contamination [70].

islands had been nucleated by some other contaminant present in the vacuum chamber, they
heated a blank sample, without introducing any molecule. No island growth was observed.
Exposing the surface to CO2 or CH4 gave no nanoisland formation, however in CH3 OH nanoislands were also formed.
To explain nanoisland growth, Palermo et al. [70] hypothesize that CO molecules adsorb
molecularly and very weakly on Si (111) and moving rapidly on the surface. Increasing the
temperature, part of the CO molecules will desorb, but some of them will dissociatively adsorb
onto the surface. The oxygen will then desorb as SiO, while carbon will remain fixed forming
very stable Si-C bonds. CO decomposition will be favored at surface defects, surface steps
or in the proximity of already formed SiC clusters. Other factors are likely to influence the
process of island nucleation after CO adsorption; the co-adsorption of other molecules which
can slow down CO and favor its decomposition cannot be ruled out, as well as the formation
of new defects at higher temperatures. Nanoisland density seemed to reach an asymptotic
limit of 5×1010 cm−2 , but island size continued to grow with time, even when no further C
was supplied to the surface. This indicates that, even though the initial nucleating core of the
nanoisland is likely to be an Six C1−x compound, further growth is due to Si atoms diffusing
from the crystal and being adsorbed by the growing island. The final volume occupied by the
islands corresponds roughly to a 1.8 nm thick overall layer of removed silicon. Nanoislands
can be imagined to act as ”impurity sinks” for further contaminants approaching the surface,
yielding a greater but more ordered surface roughening with respect to the uncontaminated
silicon surface.
Zanoni et al. [71] studied the adsorption behavior of Mo(CO)6 on Si(111)2×1 by synchrotron
radiation-excited photoemission spectroscopy. The compound has been investigated in the
temperature range 50K-room temperature, and in the exposure range 0.1-200 L (1 Langmuir
= 10−6 Torr/s). The presence of atomic C and O from CO partial dissociation was detected.
SiC formation was also suggested as the positions of the Si 2p and C 1s photoelectron peaks
15
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Figure 2.11: (a) SEM and panchromatic CL images of a rod ensemble, grown at 1100◦ C. (b) TEM
image, showing the rods have a core shell structure [73].

were consistent with literature data for SiC.
Kukushkin et al. [72] reported a Russian patent in 2008 as a new method of solid-state
epitaxy of SiC on Si. Films of various polytypes of SiC on Si (111) have been grown through a
chemical reaction between single-crystal Si and gaseous carbon CO at 10-300 Pa in the 11001400◦ C temperature range in a vacuum furnace. They proposed to produce SiC through the
following reaction:
2Sisolid + COgas = SiCsolid + SiOgas

(2.3)

where two Si atoms go into the formation of one SiC molecule, because one Si atom escapes from the system with gaseous SiO. As a result, a great number of vacancies and pores
should form near the Si/SiC interface. Kukushkin suggests that these pores provide significant relaxation of the elastic stresses caused by the lattice misfit between Si and SiC [72].
X-ray diffraction, electron diffraction, and electron microscopy studies and luminescence analysis showed that the silicon carbide layers are epitaxial, homogeneous over the thickness, and
can contain various polytypes and a mixture of them, depending on the growth conditions.
The typical pore size is 1 to 5 µm at film thicknesses of 20-100 nm.
Based on our previous annealing experiments in CO, Attolini et al. [73] showed that 3CSiC nanowires can be prepared by a reaction between single crystalline Si and CO using nickel
nitrate as the catalyst (Fig.2.11).
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Introduction to classical nucleation and growth

In this section the main idea of classical nucleation theory will be summarized, which gives
a good description for nucleation in fluids. Modification of the classical nucleation theory in
solids will be introduced.

2.2.1

Classical nucleation theory in fluids

A phase transformation begins with the development of a supersaturated state resulting from
a change in chemistry, temperature, pressure, or other physical condition (e.g., electromagnetic
fields, acoustic waves, etc.) [74].
If the concentration of a solution is gradually increased, exceeding the equilibrium solubility, a new crystal phase will not be formed within a specific amount of time until a critical
supersaturation has been achieved [75]. Stable crystals will only form after a sufficient number
of clusters have surmounted the activation barrier and reach a so called critical size, a favorable
fluctuation allows them to grow to macroscopic dimension.
The phase transformation is driven, at constant temperature and pressure, by a reduction
in Gibbs free energy, G, from the original to the final structure. The change of the Gibbs free
energy is coming from the decrease of the volume free energy, due to transfer atoms from a
less stable to a more stable phase, and an increase in the specific interfacial energy due to the
increase of the area of the interface between the two phases [76]. For a spherical nucleus
4
∆G(R) = 4πR2 γ − πR3 ∆g
3

(2.4)

where ∆g is the driving force for precipitation per unit volume and γ is the specific interfacial
energy.
The extremum of ∆G(R) is ∆G(R∗ ), which is the height of the nucleation barrier, the corresponding particle radius R∗ is the critical radius for stable clusters (Fig.2.12). If a fluctuation
exceeds the critical barrier nucleation occurs with nucleus size R∗ .
Using that ∆G(R) has its extremum when R = R∗ , critical nucleus size for a spherical
nucleus can be calculated from the following equations:
d∆G(R∗ )
=0
dR

R∗ =

2γ
∆g

(2.5)

(2.6)

Homogeneous and heterogeneous nucleation is distinguished. Clusters can form homogeneously within the mother phase or heterogeneously on seeds, impurities, dust, ions, or other
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Figure 2.12: Schematic representation of the Gibbs energy changes associated with precipitate formation as a function of their radius R in the classical nucleation theory. ∆G∗ is the nucleation barrier,
R∗ is the critical radius for stable precipitates, Rk∗B T is the radius at which stable precipitates nucleate
and Z is the Zeldovich factor [77].

irregularities that provide the clusters with local regions of stability (e.g., defects, steps, edges,
or other imperfections) [74]. Heterogeneous nucleation has lower nucleation barrier generally.
The number of nuclei formed in a fixed interval of time is a random quantity and is subject
to statistical laws. The average values, however, can be calculated and are subject to the
kinetic theory of nucleation [75]. Expression for the nucleation rate was proposed by Volmer
and Weber [78], later Becker and Döring [79] and Zeldovich [80] provided important insight into
the kinetic nature of the pre-factor and Kampmann and Wagner [81] introduced incubation
time for nucleation, expressing the nucleation rate as
∆G∗
τ
−
∗
J = v N0 Z e kB T e t
−

(2.7)

where v ∗ is the condensation rate of solute atoms in a cluster of critical size R∗ , N0 is the
number of nucleation site per unit volume, Z is the Zeldovich factor and τ is the incubation
time [77].
Many expressions for the condensation rate v ∗ can be found in the literature, none of
them being supported by a clear justification [77]. An expression was proposed by Russell [82]
involving the diffusion coefficient of solute atoms D, the matrix mean solute atom fraction X
and the lattice parameter a:
4πR2 DX
(2.8)
v∗ =
a4
The Zeldovich factor is inversely proportional with the size interval in which stable precip18
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r
VatP
γ
Z=
2πR∗ kB T

(2.9)

where VatP is the mean atomic volume within precipitates.
After the nucleation growth will continue until the completion of the transformation.

Limitation of the classical nucleation theory
Classical nucleation theory is a phenomenological model and if agreement between experiment
and theory is observed, it is usually only within a narrow range of supersaturations and temperatures. Although many insights concerning nucleation have been obtained via classical
nucleation theory, it does not explicitly treat cluster chemical physics [74].

2.2.2

Classical nucleation theory in solids

Nucleation and growth in solids is significantly more complicated than that in fluids. Based
on Russell’s work [83] the followings need to be taken into account:
1. Anisotropic interfacial energies.
2. Complex interfacial structures resulting from special crystallographic orientations of the
matrix and nucleus.
3. Strain energy effects, arising from the new phase having a different crystal structure or
lattice constant than the matrix.
4. Presence of structural singularities (dislocations and grain boundaries) which serve as
highly specific catalysts.
5. Existence of numerous metastable phases, which may give multi-step precipitation sequences and a complicated approach to equilibrium.
6. Slow mass transport.
Solid-state phase transformations are a central topic in physical metallurgy, where the
classical nucleation theory is applied with some modifications for nucleation in solids by various
authors, e.g. [76] and references therein.
Nucleation barrier and critical nucleus size will be discussed with the following notations: α
is the mother phase, β is the new phase formed in the mother phase. Vβ and Aβ is the volume
and surface area of the new phase respectively. In transformations between condensed phases
the difference between G, the Gibbs, and F, the Helmholtz free-energies becomes insignificant
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regarding work done against external pressure. Following the work of Doherty [76] symbol F
will be used from now on for the function that is minimized during a structural transformation
in solid phase. When a new phase forms, it often causes an additional increase in elastic strain
energy. ∆FEV is the increased elastic strain energy per unit volume of precipitate. The total
change of free energy is given as:
V
∆Ft = Aβ σ − Vβ (∆Fαβ
− ∆FEV )

(2.10)

V is the free energy
where σ is the specific interface energy of the α − β interface and ∆Fαβ
change per unit volume of the new β phase, given by the macroscopic molar free energy change
divided by the molar volume of the new phase. For a spherical nucleus the values of the critical
size and critical formation energy are given by:

R∗ =

∆F ∗ =

V
∆Fαβ

2σ
− ∆FEV

πσ 3
16
V − ∆F V )2
3 (∆Fαβ
E

(2.11)

(2.12)

At equilibrium the concentration of the critical sized nuclei, n∗ , in a unit volume is a
function of the nucleation barrier [76]:
∆F ∗
−k T
B

n∗ ∝ e

2.2.3

(2.13)

Equilibrium shape

The condition for the equilibrium shape of a crystalline nucleus is that
Z
Π(S) =

→
σ(−
n )dS

(2.14)

−
should be minimal for a given total volume of the crystalline material. Here, →
n denotes a unit
vector perpendicular to the surface and dS is an element of the surface, σ is the appropriate
interface energy function depends entirely on the details of the experimental conditions - which
means that σ is not the same in each case.
For the special case of crystal in vacuum, Π(S) is the Helmholtz surface free energy F (S) .
If the surface tension is isotropic as for a liquid is minimized by a spherical shape. Due to the
crystallographic nature of most solids, the interfacial energy between a nucleus and the matrix
is generally anisotropic, and thus the minimum surface shape is non-spherical.
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Figure 2.13: Critical nuclei with anisotropy ratio in x and y dimension ax /ay =1 or 3 and ξ = 0 and
cubically anisotropic nuclei with ξ = 0.2, 0.8, or 1.2 and ax /ay =1 [84].

The lattice parameters of a new phase and the corresponding parent phase are typically
different, so elastic energy is generated during nucleation to accommodate the lattice mismatch
between a nucleus and the matrix. However, predicting the shape of a critical nucleus in the
presence of both elastic energy and surface energy anisotropy is particularly challenging, since
elastic energy contribution depends on the morphology of a nucleus and lattice mismatch
between the nucleus and the matrix [84].
Zhang et al. used a non-classical theory to calculate the equilibrium shape of a nucleus in
solid to solid phase transitions. They observed that, with a stronger elastic energy contribution,
the formation energy for a critical nucleus in a cubic system with a lower symmetry was lower
than that with the cubic symmetry but nonconvex interfaces, which revealed the possibility of
nuclei with nonconvex shapes [85]. The calculated critical nuclei shapes with different ratios of
surface energy anisotropy values (ax and ay in the x and y dimensions respectively) and elastic
energy contributions (ξ) are shown on Fig.2.13.

2.2.4

Growth processes

For nucleation-and-growth reactions where the parent and product phases have different compositions, there are two successive processes [76]:
1. Long-range transport by diffusion over distances of many atomic spacing, commonly
described as the diffussional process.
2. Atomic transport across the interface, usually a thermally activated short-range diffussional process, which is the interfacial process.
21

2. Overview

2.2. Introduction to classical nucleation and growth

In phase transformations involving long-range diffusion two extreme growth modes are
distinguished: diffusion and reaction controlled growth [86].
1. Diffusion-controlled growth arises when the interface reaction is so fast that any further
increase of mobility does not significantly accelerate the overall reaction.
2. Interface-controlled growth occurs when the solute diffusion is so rapid and atom transport across the interface is so slow, that the solute-depleted region around the precipitate
is effectively eliminated by rapid diffusion.
The intermediate case is usually described as one of mixed control.
The growth rate for a spherical precipitation nucleus β in matrix phase α can generally be
described in the two growth mode by the following expressions [76]:
In the diffusion controlled mode:
dR
D (C0 − Ci )
DΩ
=
=
dt
R (Cβ − Ci )
r

(2.15)

(Ci − Cα )
dR
= Mαβ
dt
(Cβ − Ci )

(2.16)

In the reaction controlled mode:

where R is the radius of the nucleus, D is the diffusion coefficient of the solute atoms, C0 , Ci ,
Cα and Cβ is the solute composition in the bulk matrix, at the interface, the equilibrium composition of the parent phase and of the precipitation, Ω is the dimensionless supersaturation,
Mαβ contains the interfacial mobility [76].
The above expressions originate from the assumption that the total flux of solute atoms
across the surface of the precipitate (JR ) should be equal to the increasing number of the
B
built-in solute atoms ( d∆n
dt ).
dC
|R
(2.17)
JR = AD
dr
where A is the surface area of the precipitate, D is the solute diffusion coefficient, C is the
solute concentration, r is the radial distance, R is the size of the precipitate.
∆nB = V (Cβ − Ci )

(2.18)

where V is the volume of the precipitate, Cβ is the equilibrium composition of solute atoms in
the precipitate, Ci is the composition of the matrix phase at the interface
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JR =

AD

d∆nB
dt

dC
dV
dr
|R =
(Cβ − Ci )
dr
dr
dt

(2.19)

(2.20)

For a spherical precipitate:

4πR2 D

dC
dr
|R = 4πr2 (Cβ − Ci )
dr
dt

(2.21)

Provided that there is a low supersaturation, Ω < 0.1, then during the time that it takes
a solute atom to diffuse across the solute-depleted region around the precipitate, the solute
distribution and the instantaneous growth rate, dr
dt , can both be regarded as essentially constant.
Rearranging Eq.2.21 for the condition that Ω < 0.1, yields:
dR
DdC
=
2
2
R
r (Cβ − Ci ) dr
dt

(2.22)

Equation 2.22 can then be integrated, from R = r, C = Ci , to R = ∞, C= Co , assuming
that r2 (Cβ − Ci ) dr
dt is essentially constant in the time it takes solute to diffuse from R À r up
to R = r. Integration of Eq. 2.22, under these conditions, yields:
D(Co − Ci )
1
=
r
(Cβ − Ci )

(2.23)

In diffusion controlled growth mode Ci = Cα , in reaction controlled growth mode Ci = Co
This means that in diffusion controlled growth mode the growth rate is inversely proportional with size, while in reaction controlled growth the growth rate is independent of size and
we can write the following relationships:
In the diffusion controlled mode:
√
R = 2ΩDt
(2.24)
In the reaction controlled mode:
R = Mαβ Ωt

(2.25)

A good atomic fit across an interface of a growing precipitate is strongly promoted by the
need to minimize the interfacial energy barrier to nucleation. The growth of such a coherent
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Figure 2.14: LaMer diagram as a schematic explanation for the formation process of monodisperse
particles, where C∞ and Ccrit are the equilibrium concentration of solute with the bulk solid and the
critical concentration as the minimum concentration for nucleation, respectively. The regions I, II, and
III represent the pre-nucleation, nucleation, and growth stages, respectively [87].

β precipitate into an α matrix with a different crystal structure faces a significant barrier [76].
The growth barrier arises from the difficulty of finding atomic sites at the good-fit interface for
atoms to leave one structure and join the other. Transfer apparently can only occur at growth
steps or ledges that, in most cases, appear to have a dislocation character [76]. The growth
of coherent precipitates is very common and occurs in almost all precipitation reactions where
the precipitate grows in the grains in which they were nucleated, forming plate-like, lath-like
or needle-like precipitates. A plate-like precipitate is one whose three dimensions, a, b and c,
have a ≈ b À c, for a lath a > b > c and for a needle a À b ≈ c.

2.2.5

Separation of nucleation and growth

Nucleation rate is much more strongly dependent on supersaturation that the growth rate.
At low supersaturation level the nucleation rate is negligibly small, but when the supersaturation exceeds some critical level nucleation soars suddenly [87]. The growth rate increases
gradually with increasing supersaturation due to the low energy barrier for the formation of
two dimensional surface nuclei. Lowering the supersaturation immediately after nucleation can
stop the nucleation procedure and the growth can dominate [87,88], as it is shown on Fig.2.14.
Separation of nucleation and growth can lead to monodisperse particle formation.
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Figure 2.15: (a) Temperature dependence of the C solubility in Si and (b) phase diagram of the Si-C
system at 1 atm after Ref. [90].

2.2.6

Carbon in Silicon

Carbon is dissolved in bulk solid Si substitutionally [89]. The maximum solubility is at ∼0.1
at% C. Fig.2.15 shows the phase diagram of the Si-C system at 1 atm and the temperature
dependence of solubility of C in Si [90].
The concentration at thermal equilibrium of the electrically neutral substitutionally dissolved carbon (Cs ) is given [91]:
CsEq = 4 × 1024 e−

2.3eV
kT

cm−3

(2.26)

Gösele et al. investigated the carbon diffusion in bulk Si and in carbon rich Six C1−x layers.
Carbon diffusion in bulk Si can be given by the following [92]:

DsEq = 1.9 e−

3.1eV
kT

cm2 s−1

(2.27)

Carbon in high concentration diffuses via the so-called kick-out mechanism where a substitutional carbon atom is pushed out by a silicon self intersticial [92]. This reaction leads to a
carbon interstitial order of magnitude more mobile than substitutional carbon.
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Tersoff at IBM Research [93] calculated that impurity solubility and diffusion is enhanced
at the surface region of a solid. Carbon solubility at 500◦ C is enhanced by 104 compared to
the bulk in the first 4 atomic layer of the surface.
Carbon precipitation in Si appears to be a difficult process which takes place only in the
presence of a sufficiently high supersaturation of oxygen or silicon self-interstitials, that is
why carbon concentration well above the equilibrium can be achieved experimentally. This
phenomenon was widely studied by Taylor et al. [94]. Co-precipitation of silicon-carbon complexes, SiC and SiO2 particles is promoted [91,94]. Laveant et al. [91] suggests that oxygen and
carbon in Si interact on an atomic level. In the supposed reaction SiO2 precipitate would eject
a self-interstitial whereas the SiC precipitation would need one for precipitation (Oi stands for
oxygen atom at an interstitial site). Or SiC precipitate ejects a vacancy and SiO2 precipitate
collects it:
2Si + 2Oi ⇔ SiO2 + I or Si + V + 2Oi ⇔ SiO2
(2.28)

I + Cs ⇔ SiC or Si + Cs ⇔ SiC + V

(2.29)

Interface energy associated with carbon precipitates in Si is between 2 J/m2 < σ < 8 J/m2
estimated by Taylor et al. [94], which is much higher than the interface energy associated with
oxide precipitates, estimated to be 0.09-0.5 J/m2 .
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Goals
Our group has previously shown that CO annealing of a SiO2 /Si structure results epitaxial,
void-free 3C-SiC nanocrystals (NCs) at the Si side of the SiO2 /Si interface [63, 65].
From the application point of view we can define two different goals. For memory applications or for the strong room temperature photoluminescence due to quantum confinement
NCs with 2-3 nm size and with the highest possible nucleation density are desirable. Harsh
environment MEMS applications need a flexible technology to form a continuous protective
polycrystalline SiC coating with the lowest thermal budget.
The aim of this dissertation is to characterize and understand SiC NC formation mechanism
at the SiO2 /Si interface made by annealing in CO. CO diffusion in SiO2 , nucleation and growth
mechanism of SiC NCs has been studied by isotope tracing and various kinds of microscopy.
Effect of process parameters on nucleation density, size and morphology has been investigated,
such as CO pressure, annealing time, initial oxide thickness and orientation of the Si substrate.
SiC nucleation and growth on polycrystalline Si has been studied to reveal the possibilities
of a continuous protective polycrystalline SiC coating formation. Electrical characterization
of MOS structures with embedded SiC NCs has been carried out to identify the effect of CO
annealing on electrical parameters.
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Experimental techniques

4.1

CO annealing

In our study SiC NCs were formed by reactive annealing of a Si substrate (covered by a thin
SiO2 layer) in CO containing gas at elevated temperature. Diluted (5.4 at% CO+Ar) and pure
(99.9999 at% CO) CO gases were used in a conventional horizontal annealing furnace.
The conventional furnace assembly consists of an open end quartz tube connected to a gas
source of CO and N2 for purging. Complete rinsing of the furnace tube with N2 is necessary to
avoid any mixing of residual O2 with CO. The furnace is heated under computer control and
after reaching the desired temperature cleaned samples are loaded manually into the annealing
zone. To fill up the quartz tube with CO takes 3-4 min. The outgoing CO is burned into CO2
by a heated filament and a vent hood removes the CO2 . CO should always be handled by care
as it is toxic and explosive.
In order to monitor the atomic movement of carbon and oxygen during the NC SiC growth
heat treatments were performed in isotopically labeled 13 C18 O gas carried out at various pressures. 13 C and 18 O are stable and rare isotopes with 1.1 % and 0.2 % natural abundance
respectively. Because of the physical and chemical interactions are little sensitive to the isotopic compositions, annealing in 13 C18 O and subsequent isotope tracing measurements allows
us to distinguish between carbon coming from the CO gas and carbon coming from the inevitable surface contamination. Similarly oxygen atomic movement during the CO treatment
can be followed in the same way.
Owing to the very high cost of labeled gases these products must be handled in gram
amounts or less [95]. The following special techniques need to be used for handling such com28
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Figure 4.1: Glass vessel for storing of isotopically labeled non-condensable gases and recovery using
molecular sieves. Bottle diameter 8.5 cm [95].

pounds in small quantities in the gaseous state and purifying and recovering them for further
use. High vacuum furnace installations are required for thermal treatments with labeled gases
that must be used under static conditions while remaining pure. Pumping and recovery of
isotopically enriched CO is done by using molecular sieves. These are highly porous aluminosilicates with very large internal specific surface areas which strongly adsorb O2 , N2 and CO
at liquid nitrogen temperature and release them at room temperature [95]. There is no isotopic
exchange between the sieves and the gas. The adsorption capability is such that around 30
cm3 of sieve per liter of gas is more than enough. 1 liter gas is adsorbed in around 10 min. A
typical storage vessel made of glass and fitted with a molecular sieve pumping system is shown
in Fig.4.1.
The UHV furnace that I used for annealing in isotopically labeled CO, is shown in Fig. 4.2.
It consists of two parts separated by the main valve.

Figure 4.2: Schematic drawing of an UHV quartz furnace assembly for working under static conditions
with very dry labeled gases [95].
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1. A load lock chamber, where the vacuum is 10−8 mbar and is fitted with a carousel where
several samples may be stored. Samples are put in the carousel on small four legged
quartz plates. These can be lifted by the help of the left magnetic manipulator and
transferred onto the quartz sample holder at the entrance of the quartz tube.
2. The furnace itself consists of a first section made of stainless steel to which are connected
the gas inlet with the vessel shown in Fig. 4.1, the liquid nitrogen (LN2 ) trap, the mass
spectrometer, and the quartz tube that can be heated up to 1100◦ C. The quartz sample
holder can be moved into the hot region by the right side magnetic manipulator. The
pressure at each side of the main valve is monitored by pressure gauges.
To avoid water vapor contamination, the quartz tube is never exposed to the atmosphere.
The water content of the gases can be measured with a built-in mass spectrometer down to
1−3 ppm. The gas is introduced through a leak on a U shaped, LN cooled small diameter glass
tube. A sufficient amount of water for analysis is collected. The leak is then closed and the
tube plunged rapidly into warm water, resulting in a strong water pulse that yields a signal
well above background.
In order to get rid of any water adsorbed on the samples or on the quartz plates, they must
first be degassed at a low enough temperature (∼ 200◦ C) where the sample remains unchanged.
The main valve is then closed, the labeled gas is introduced and the high temperature treatment
can be carried out. After the annealing the labeled gas is recovered and the samples are removed
for analysis.

4.2

Microscopy

Different microscopy methods were used to investigate nucleation, growth and morphology
of the SiC NCs: low voltage scanning electron microscopy (LVSEM), transmission electron
microscopy (TEM) and atomic force microscopy (AFM).
LVSEM was carried out in a LEO 1540 XB equipped with a Schottky field emission gun,
gemini lens system and in-lens detector built inside the column. Since its operating voltage can
be reduced below 1 keV, the excitation volume is on the nanometer scale and the resolution
reaches the 3 nm. Sample preparation is fast and easy compared to TEM. However, care
must be taken to avoid sample charging (remove all dielectrics and establish a good contact)
and in order to get high enough resolution (2-3 nm) with low beam energy (1-2 keV) sample
topography needs to be improved.
In order to get high resolution information of the crystal and interface quality, we applied
cross sectional TEM investigation. Conventional TEM imaging was carried out in a Philips
CM 20 TEM operating at 200 kV, while high resolution images were taken in a JEOL 4000EX
microscope at 400 kV (Table 4.1). Thin enough samples should be prepared to be transparent
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Type
Accelerating Voltage [kV]
Line resolution [A]
Point resolution [A]

PHILIPS CM20
200
2.0
2.7

JEOL 3010
300
1.4
1.7

JEOL 4000EX
400
1.0
1.65

Table 4.1: Resolution limits of the used transmission electron microscopes [65].

for the incident electron beam and during sample thinning the original structure should be
preserved.
Atomic Force Microscopy was used for the morphological study of SiC NCs. Samples were
investigated in tapping mode using a Nanoscope IIIa instrument operating in air. The radius
of the tip was 30-50 nm. The maximum scanning area is 10x10 µm, with scan speed 1 µm/s.

4.3

Methods used for isotopic tracing

Secondary Ion Mass Spectrometry
Secondary Ion Mass Spectrometry (SIMS) is a technique used to analyze the composition of
solid surfaces and thin films by sputtering the surface of the specimen with a primary ion beam
and collecting and analyzing ejected positive or negative secondary ions. These secondary ions
are measured with a mass spectrometer to determine the elemental, isotopic, or molecular
composition of the surface. SIMS is a very sensitive surface analysis technique, being able to
detect some of the elements present in the parts per billion range.
Secondary ion current (Is,Z, A ) of an isotope ( with atomic mass A) of a given element (with
q
atomic number Z) with q charge depend on various parameters and is given by:

±
±
Is,Z,
A = Ip · S · γZ,q · aZ,A · cZ · η A
q

q

where,

Ip
S
±
γZ,q
aZ,A
cZ
ηA
q

is
is
is
is
is
is

the
the
the
the
the
the

(4.1)

primary ion current [Ampere],
sputtering efficiency [atom/ion],
ionization probability [ion/atom],
ratio of the isotope with A atomic number among Z,
concentration in atomic fraction (0≤cZ ≤1),
transmission coefficient of the ion optics.

Ionization probability is very sensitive to the matrix environment which makes the quanti31
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tative analysis very hard. Quantitative analysis is only possible with a good choice of standard.
SIMS measurements were performed with modified Balzers SIMS equipment. The primary
ions were 3keV Ar+ with 30o incidence angle to the surface. The current density used in each
experiment was 2×10−6 A/cm2 , while the sputtered area was 0.1 cm2 , the background pressure
was 10−7 Pa. Sensitivity is 1 ppm with 1-10 nm depth resolution. The secondary ions were
analyzed by a quadrupole system, allowing us to collect the different A/q intensities. The
sputtering rate in the reference SiO2 layer was 1.2 nm/min.

Nuclear Reaction Analysis
Nuclear reaction analysis (NRA) is a special ion beam method in materials science selective to
given isotopes. It is frequently used to obtain concentration vs. depth distributions for certain
target chemical elements in a solid thin film.
Sample (A) irradiated with selected nuclei (b) at a given kinetic energy. These target
elements can undergo a nuclear reaction under resonance conditions for a sharply defined resonance energy. The reaction product is usually a nucleus in an excited state which immediately
decays to a stable state (C), emitting proton, α particle, neutron or gamma radiation (d).
Notation of the described reaction is A(b,d)C.
To obtain depth information the initial kinetic energy of the projectile nucleus (which has
to exceed the resonance energy) and its stopping power (energy loss per distance traveled) in
the sample has to be known. To contribute to the nuclear reaction the projectile nuclei have
to slow down in the sample to reach the resonance energy. Thus each initial kinetic energy
corresponds to a depth in the sample where the reaction occurs. Depth resolution deteriorates
with depth due to energy straggling of the ion energy loss and multiple scattering.
NRA was applied in order to measure the incorporated amount of 13 C and 18 O in the CO
annealed SiO2 /Si system. The projected areal densities of 16 O, 18 O and 13 C, were measured by
16 O(d,p )17 O , 18 O(p,α)15 N and 13 C(d,p )14 C nuclear reactions respectively with the incident
1
0
beam energies chosen to be on a cross section plateau, 850 keV, 730 keV and 1100 keV,
respectively [96]. The beam was supplied by the 2.5 MV Van de Graaff accelerator of the
SAFIR facility at INSP, France. Thin film anodic tantalum oxide on tantalum backing was used
as reference materials for 16 O and 18 O determination [97]. A 13 C implanted silicon wafer, for
which the projected areal density of {13 C}=1018 cm−2 was determined initially by Rutherford
Backscattering under channeling conditions, served as a 13 C thin film reference.
Nuclear reactions with narrow resonances (in the order of 10-100 eV) in their cross section
allow us to determine the depth profile of the given isotope. The 13 C(d,p0 )14 C reaction around
1750 keV was applied to distinguish between carbon coming from the isotopically labeled CO
gas and carbon coming from the inevitable surface contamination. Additionally 18 O(p,α)15 N
nuclear reaction around 152 keV incident energy was used to follow the oxygen incorporation
into the sample during various treatments [98].
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Sample preparation

Si wafers of (100), (110) and (111) orientation and
LPCVD deposited poly-Si layers were used as a
base substrate for SiC growth. Dry thermal oxide
with various thicknesses or LPCVD Si3 N4 layer
was used as a capping layer on silicon. 1×1 cm2
pieces of these wafers were heat treated in 5×103
Pa (5 at.%) CO mixed with Ar and in 105 Pa
(100 at.%) CO ambient, as very diluted and pure
CO is explosion proofed. Reactive annealing performed in 1000-1200◦ C temperature range, at various pressures for different times. Each chapter
contains the detailed preparation conditions of the
investigated samples.
Cross-sectional TEM samples were prepared
by ion-beam thinning method introduced by
Barna et al. [99]. The Ar+ ion milling energy for
thinning was selected, consecutively, to be 10 keV,
3 keV, and 250 eV. The lowest-energy step was
used for the cleaning of the sample surface of any
artifacts and for decreasing the ion-beam damage.
For plan view SEM microscopy imaging an additional step was applied in the sample preparation for contrast enhancement, shown on Fig 4.3.
After the reactive annealing in CO (Fig 4.3a) SiC
crystals are formed at the Si side of the SiO2 /Si
interface. A new oxidation step was used to oxidize silicon around the SiC NCs, shown on Fig 4.3
Figure 4.3: Effect of oxidation after SiC NC
b. This second oxidation step was done at 900◦ C formation [65].
for 20 min. Oxygen diffuses through the SiO2 and
oxidizes Si at the SiO2 /Si interface. Additional 4 nm SiO2 is formed under the 100 nm thermal capping oxide based on the Deal-Grove model. This consumes 1.8 nm of Si. SiC isn’t
oxidized under these circumstances and also act as diffusion barrier for O2 . For plan view microscopy imaging SiO2 was selectively removed by HF to enhance secondary electron contrast
from SiC NCs on the Si surface during SEM measurements and to emphasize topography for
AFM imaging.

33

4. Experimental

4.5

4.5. Electrical measurements

Electrical measurements

A metal-insulator-semiconductor (MIS) diode is one of the most useful device in the study of
semiconductor interfaces. Current voltage and capacitance voltage measurements can give us
information on how the real MIS diode differs from an ideal one. This differences result from
1. non zero work function difference between the metal and the semiconductor
2. charges in the SiO2 and the SiO2 /Si interface, such as interface states, fixed interface
charges, mobile ions and ionized traps
Electrical characterization of the structures was done by room temperature current-voltage
(I-V) and 1 MHz capacitance-voltage (C-V) techniques. The measurements were performed in
dark with a Hewlett-Packard 4140 B pA-DC voltage source and 4275 A multifrequency LCR
equipment. Oxide charge density was calculated from the flatband shift. Detailed description
of the method can be found in Ref. [100].
For the electrical measurements the technology described in Section 4.4 was used to separate
the SiC NCs from the Si. We have shown that with a longer oxidation time (Fig.4.3d) isolated
SiC NCs can be formed in the SiO2 [68]. Si/SiO2 MOS systems with 3C-SiC NCs at the
Si side of the Si/SiO2 interface and MOS systems with embedded 3C-SiC grains in the SiO2
matrix aligned at different distances from the Si/SiO2 interface have been prepared. The MOS
capacitors were fabricated by thermal evaporation of 1µm thick Al on the front side and AlSi
was sputtered on the back side.
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Results and discussion

Chapter 5

CO diffusion in SiO2
SiC NCs are formed on Si, under a thin SiO2 layer during reactive annealing in CO containing
gas. First the diffusion and reaction mechanisms of CO in thin film SiO2 grown on Si will
be studied in this chapter. Experiments were carried out in isotopically labeled gases. Stable
isotopic tracing revealed the possible diffusing species and interfacial reaction using SIMS and
NRA [T1,T2].

5.1

Experimental

Thermally grown silica films have been prepared, with thicknesses (x0 ) from 30 to 1000 nm,
by oxidation of Si(100) substrates under 1 atmosphere dry O2 of natural isotopic composition
at 1050◦ C, for times ranging from 20 to 100 minutes. These samples were then treated by
ultra-pure 13 C18 O gas (99 at.% 13 C, 95 at.% 18 O carbon monoxide), in a quartz tube furnace
(shown in Chapter 4.1.) for various pressures (50, 100, 200, 280 and 350 mbar) and durations
(30, 60, 90 and 240 min). All treatments under CO were performed at 1100◦ C.
Fig.5.1 shows SEM images for 5 different samples (x0 =54nm, t=90min and PCO varying
from 50 to 350 mbar) after HF stripping of the overlying oxide. We can see the SiC NCs as
white spots [T1].
The density of SiC NCs increases markedly with treatment pressure, while it is not sensitive
to the treatment duration. This is in agreement of the earlier findings of Krafcsik and Makkai
[63,65], their experiments in 5×103 Pa (5 at.%) CO showed that nucleation density is constant
with increasing annealing time.
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Figure 5.1: SEM images of SiO2 (100nm)/Si samples treated at various pressures of CO, after having
had the oxide removed by HF dip. We note that as the treatment pressure increases, the nc-SiC density
increases significantly.

5.1.1

Location of

13

C and

18

O

SIMS provided qualitative information about the location of 13 C and 18 O. SIMS profiles
(Fig.5.2) of 13 C+ , 18 O+ secondary ions show that labeled oxygen and labeled carbon are accumulated at the SiO2 /Si interface. The position of the SiO2 /Si interface is determined by the
23 Na+ ion peak using the very high sensitivity of SIMS method for alkali species [101,102]. The
shift between the 13 C+ and 18 O+ peaks is 250s, corresponding to around 5nm thick SiO2 layer
sputtered. This may suggest that the incorporated 18 O is somewhat on top of the incorporated
13 C spatially, however we need to take into account mixing effect during sputtering, and that
most likely the sputtering rate of SiO2 is higher than that of SiC. We have observed the same
shift reproducibly on samples with 20 nm and 100 nm thick oxide. Furthermore no 13 C is found
in the bulk silica.
18 O secondary ion intensity is decreasing with sputtering time in the SiO thin film while the
2
16 O+ intensity is increasing. SIMS profile shows very well the isotopic exchange between 18 O
and 16 O (oxygen from the CO molecules and oxygen from the SiO2 matrix). This phenomena
was observed and quantified by 18 O narrow resonance profiling measurements by our group
[T2].
One of the disadvantages of SIMS measurements is that it is very difficult to quantify
the 13 C and 18 O amounts without a reliable reference sample, with the very same material
composition and known 13 C and 18 O concentration. Complementary NRA measurements were
used to quantify the 13 C and 18 O amount.
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Figure 5.2: SIMS positive profiles of 28 Si+ 18 O+ , 16 O+ , 13 C+ and 23 Na+ secondary ions from
Si16 O2 /Si sample with 54nm thick SiO2 . The sample was heat treated in 13 C18 O at 1100◦ C under
200mbar for 90 min. The secondary ion intensities were normalized on bulk 28 Si+ secondary ion intensity. In case of mass 13, the counts originating from 12 CH+ residual gas were subtracted using
background measurements done on reference sample. The Na peak indicates the SiO2 /Si interface,
where 18 O+ and 13 C+ accumulation can be observed.

5.1.2

13

C and

18

O incorporation as a function of SiO2 initial thickness, CO

pressure and annealing time
The amount of 13 C was quantified by the nuclear depth profiling of 13 C using 13 C(d,p0 )14 C
resonance at 1100 keV. The quantified 13 C amount at the SiO2 /Si interface can be seen on
Fig.5.3. The areal density of 13 C is decreasing with initial oxide thickness and increasing with
annealing time.
Fig.5.4 shows the incorporated 13 C amount as a function of CO pressure (PCO ) for SiO2 /Si
(100) substrates of different oxide thicknesses. The PCO dependence was determined for t=90
minutes. It is clear from Fig.5.4 that 13 C increases linearly with PCO . The tendency curve
slope on Fig.5.4 gives an estimation of the pressure dependence: 2 × 1013 cm−2 by mbar.
Fig.5.5 shows incorporated 13 C amount as a function of annealing time (t) for SiO2 /Si
(100) substrates of different oxide thicknesses (x0 ). We can see that 13 C increases linearly with
time at fixed oxide thickness and fixed CO pressure (PCO = 100mb). There, the initial oxide
thicknesses vary from 100 to 1000 nm and the x0 dependence of 13 C appears: higher x0 , lower
the 13 C amount in the samples. For the thinner value x0 on Fig.5.5, i.e. 100 nm, the tendency
curve slope gives an estimation of the highest time dependence: 2 × 1013 cm−2 by minute.
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Figure 5.3: {13 C}, the areal density of 13 C incorporated at the SiO2 /SiC interface, as a function
of initial oxide thickness x0 and CO treatment time t for PCO =100mb. The solid lines are calculated
from Eq.5.11, with the best values of the fitting parameters: kp = 3.9 ± 1.0 × 10−16 cm2 /s and kl =
1.3 ± 0.2 × 10−11 cm/s.

Figure 5.4: The areal density of

13

C as a function of the CO pressure PCO (t = 90 min).
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5.2. Interfacial reaction

13

C as a function of the annealing time t (PCO = 100 mbar).

The significant increase of labeled oxygen (18 O) detected in the vicinity of the SiO2 /Si interface by SIMS profiles was quantified by the nuclear depth profiling of 18 O using 18 O(p,α)15 N
narrow resonance at 151 keV. This 18 O incorporation increases with the CO pressure and
decreases with oxide thickness (Fig.5.6).

5.2

Interfacial reaction

Krafcsik et al. suggested [63] that the energetically favored interfacial reaction is Eq.2.2. If CO
reacts with Si to form the SiC NCs according to this reaction, then the formation of one SiC
unit consumes one CO molecule. The ratio of the released 18 O to 13 C at the interface should be
unity in our isotopic experiments. Fig.5.7 presents this ratio for samples with different initial
oxide thickness. The 13 C/18 O ratio takes a value close to unity for the samples with thinner
oxide, but it significantly decreases with increasing the initial oxide thickness (Fig.5.7).
In the following the discrepancy of 13 C/18 O ratio from unity will be explained. Fig.5.8 shows
the quantified 18 O concentration variation with depth based on nuclear resonant profiling. A
peak appears near the surface followed by a long tail in agreement with SIMS profiles, where
labeled oxygen was present well above the detection limit in the SiO2 layer, especially on the
surface and at the SiO2 /Si interface (Fig.5.2).
Three different processes are responsible for the 18 O labeling of the silica [T2].
• CO molecules diffuse in the silica network to the SiO2 /Si interface. During the diffu40
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Figure 5.6: {18 O}, at the SiO2 /Si interface as a function of PCO , for samples with different initial
silica thickness (x0 =31, 54 and 103 nm), annealed for 90 min. Representative errors bars are presented
on the 31 nm data.

Figure 5.7: The ratio of 18 O to 13 C at the interface as a function of initial oxide thickness x0 after
annealing at various CO pressures PCO during 90 min. The solid line corresponds to the ratio of labeled
CO molecules that arrive at the SiO2 /Si interface, calculated from Eq. 5.2, with λ = 50nm, while the
dotted lines correspond to λ = 10 (lower) and 100 nm (higher).
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Figure 5.8: Experimental (points) and simulated (lines) 18 O(p,α)15 N excitation curves (tilt angle of
60◦ ) around the energy of the resonance Er =151 keV, 10 µC by step, for a sample of x0 =31 nm after 90
min at 1100◦ C annealing under 13 C18 O at PCO =350 mbars. Simulations of the individual contributions
to the excitation curve of process I, process II, and 18 O incorporation at the SiO2 /Si interface are shown
in addition to the simulation of the overall excitation curve.

sion oxygen exchange between the diffusing CO molecules and the silica network can be
detected by isotopic tracing (Process I).
• CO molecules react at the silica surface, exchanging their oxygen atoms with the oxygen
from the surface [103]. Oxygen diffusion then occurs mediated by defects present in the
bulk of the oxide (Process II).
• A third mechanism results a local peak on the decreasing 18 O profile close to the SiO2 /Si
interface. We suggest that this is because the CO molecules do not dissociate in the bulk
of the SiO2 , but at the SiO2 /Si interface only. Accumulated labeled oxygen at the SiO2 /Si
interface corresponds to those CO molecules that did not take part in oxygen exchange
mechanisms but diffuse interstitially in the silica network to the SiO2 /Si interface to form
SiC NCs and SiOx by reaction with Si.
The surface and the bulk isotopic exchange mechanism will change the ratio of 13 C/18 O at
the interfacial region.
In the following we will consider the effect of isotopic exchange between the oxygen atoms
of the CO molecules and those of the SiO2 matrix. At steady state the concentration of the
labeling CO in the silica follows the relation [104]:
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µ

x − x0
µ 13 18 ¶
cosh
[ C O]
λ
³x ´
(x) =
0
[13 CO]
cosh
λ

¶
(5.1)

where [13 C 18 O] is the concentration of 13 C18 O molecules in the silica at depth x, λ is defined
as the characteristic exchange length, and [13 CO]=[13 C 16 O]+[13 C 18 O]. So long as the quantity
of oxygen fixed at the interface by the reaction of CO with Si is small - i.e., oxide growth is
negligible compared to x0 , the position of SiO2 /Si interface can be considered to be constant
and equal to x0 . (Krafcsik et al. [63] presented that there is no significant oxide thickening if
there is a thin (∼20nm) SiO2 on top of the Si. However, if there were no initial SiOx on top
of Si, 20 nm oxide was found after a 3 hrs heat treatment in 5at.% CO at 1190◦ C.) So in our
case we can consider the interface constant, where the concentration is:
µ

[13 C 18 O]
[13 CO]

¶
(x = x0 ) ≈

cosh

1
³ x ´ ≡ [13 C 18 O]i
0

(5.2)

λ

where i denotes the interface.
The solid line in Fig.5.7 indicates the evaluated fraction of [13 C18 O]i , using λ=50nm in
Eq.5.2). (Calculations with λ=10nm and 100nm are presented with dotted lines on the same
figure.) The agreement between the calculated values and the ratio 18 O/13 C measured values
at the interface indicates that CO diffuses across the SiO2 without significant loss of either C
or O, only isotopic change is modifying the labeled oxygen content. It is highly likely that the
carbon atoms are transported as CO molecules.
These experiments suggest that CO does not dissociate in the SiO2 network, carbon atoms
are transported as CO molecules in the SiO2 , CO forms SiC at the Si side of the interface
and forms SiOx on the top of the SiC, which will be supported by microscopy studies in the
following chapters.

5.3

Analysis of the CO diffusion

From the above observations it is highly likely that CO molecules, incorporated into the silica
from the gas, diffuse interstitially to the SiO2 /Si interface, and form there SiC NCs epitaxially
embedded in the Si via the reaction of Eq.2.2. We note, then, a strong similarity with the Deal
and Grove (DG) model for the diffusion and reaction processes of O2 in SiO2 /Si [105], in which
it is assumed that:
1. reaction takes place only at the interface
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2. oxidant diffuses interstitially through the overlying oxide
The Deal and Grove approach was proposed to follow in order to describe the CO diffusion
and reaction in our samples. Our aim is to determine the relationship between interfacial
carbon concentration and the initial oxide thickness and the duration of annealing in CO.
We initially assume that three sequential steps are necessary for the formation of SiC and
SiOx at the SiO2 /Si interface, although it will turn out that only two of them are important.
The first represents the transport of CO in the gas phase to the vicinity of the outer surface.
We can describe this flux as:
F 1 = hCO (C ∗ − [CO]S )
where

(5.3)

hCO is a gas-phase transport coefficient
C ∗ is the concentration of CO in the gas phase
and [CO]S is the equilibrium concentration of CO just under the SiO2
surface (solubility of CO molecules in the silica) assumed to be related to
CO gas pressure by Henry’s law:
[CO]S = K H P CO

(5.4)

where K H is Henry’s law constant. This law states that the equilibrium concentration of
a gas species dissolved in a solid is proportional to the partial pressure of that species at the
solid surface. Henry’s law only holds in the absence of dissociation or association of CO at the
outer silica surface.
The process represented by F1 is the gas phase diffusion of the oxidant species through the
boundary or stagnant layer that always forms adjacent to a solid object placed in a gas which
is flowing over its surface. This diffusion process is fast compared to the other steps and hence
F1 will turn out to be unimportant in determining the overall growth kinetics.
Under steady state, such that there is no accumulation or loss of CO within the SiO2 , the
flux of the CO molecules across the SiO2 layer must be constant. The flux given by Fick’s law
can be replaced simply by a constant gradient:
F 2 = −DCO
where

∂[CO]
[CO]S − [CO]i
= DCO
∂x
x0

(5.5)

DCO is the diffusion coefficient of CO in amorphous silica and
[CO]i is the concentration of CO near the interface.

The third part of the process is the reaction at the interface. The CO flux corresponding
to SiC and SiO2 formation via Eq.2.2 can be expressed by:
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F 3 = k[CO]i

(5.6)

where k is the reaction rate (cm/s).
Under steady-state conditions, the three fluxes representing the SiC and SiO2 formation
process must be equal since they occur in series with each other and the overall process will
proceed at the rate of the slowest process.
Solving for [CO]i in Eq.5.5 and 5.6 assuming the steady-state condition F1 = F2 = F3 = F
we obtain:
1

F =

This flux corresponds to the rate of

1
x0
+
k DCO

13 C

[CO]S

(5.7)

incorporated in our samples as SiC NCs:
d{13 C}
dt

F =

(5.8)

where {13 C} is the projected areal density of 13 C.
In our set of samples, the oxidation of Si is small and we assume that x0 remains constant,
so:

Z
13

η=t

{ C} =

F dη = F t

(5.9)

η=0

This relation is in accordance with the observed time dependence presented on Fig.5.5.
Introducing the relations from Eq.5.7 and 5.4 in 5.9, the linear dependence of {13 C} on CO
pressure, as observed in Fig.5.4, appears:
{13 C} =

1
KH PCO t
x0
1
+
k DCO

(5.10)

For a thin enough overlying oxide, x0 ¿ DCO
k , an abundance of CO arrives at the SiO2 /Si
interface and the reaction is limited by the interfacial reaction rate k.
For thick enough overlying oxide, x0 À DCO
k , the supply of CO at the SiO2 /Si interface is
limited by diffusion through the oxide.
The experimental data presented in the Fig.5.3 show the overall initial oxide thickness
dependence of 13 C, for a fixed value of PCO (100mbar) and various treatment times (30, 60, 90
and 240 min). Following the Deal and Grove approach [105] to describe the SiC formation as
an equivalent homogeneous SiC film thickness, xSiC , that can be written as {13 C}/Ni , where
Ni is the volume density of carbon in SiC (Ni = 4.7 × 1022 cm−3 ), the Eq.5.10 can be written
as:
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{13 C} =

Ni
t
1
2x0
+
kl
kp

(5.11)

In this expression, kp (cm2 /s) corresponds to the parabolic rate constant and kl (cm/s) is
the linear rate constant in DG model. By identification of Eq.5.10 and 5.11 gives the parabolic
rate constant can be written as:
2DCO [13 CO]S
(5.12)
kp =
Ni
and
kl =

k[13 CO]S
Ni

(5.13)

The lines on Fig.5.3 are the best overall fit of the DG model denoted by Eq.5.11, with only
kp and kl as fitting parameters. Values of kp = 3.9±1.0×10−16 cm2 /s and kl = 1.3±0.2×10−11
cm/s provide the simulated DG curves that pass satisfactorily through all of the data. The fact
that the DG model is successful in describing the observed 13 C dependence on t and x0 suggests
that the underlying hypothesis that the oxidant diffuses as a CO molecule is reasonable.
The linear rate constant kl has a considerably smaller value than that for the reaction
of dry O2 at the SiO2 /Si interface (740×10−11 cm/s for 1 atm), suggesting that there may
exist a high activation energy for the creation of the SiC crystals. Krafcsik had estimated [63]
this activation energy at 2.2 eV (Fig.2.5), from previous SIMS measurements on 900, 1000,
1100, 1140 and 1190◦ C treated samples. So finally the linear rate constant can be written as
2.2

kl = 1.5 × 10−3 e− kT cm/s.
The permeability DCO [CO]S is thus estimated to be 9±2×106 cm−1 s−1 (from Eq.5.12).
This is about 10 times smaller than the value reported for dry O2 diffusion in silica by Deal and
Grove for the same temperature and pressure. If [CO]S is close to the maximal concentration
of O2 dissolved in the silica (0.44 × 1017 cm−3 atm−1 ) [106], the CO diffusion coefficient in
thermally grown amorphous silica, at 1100◦ C, can be estimated to DCO = 1.8 × 10−9 cm2 /s,
close to the value obtained for N2 molecules in silica by Kajihara et al. (DN2 ∼ 2 × 10−9
cm2 /s) [107].
Our observation that 13 C is indeed proportional to PCO and Eq.5.11 suggest that k is
independent of pressure and thus the reaction at the interface is of order 1. From Eq.5.13, k is
estimated to 12.2 × 10−5 cm/s.
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Figure 5.9: Plan view SEM images after removal of capping layers: (a) 100 nm SiO2 , (b) 1000 nm
SiO2 , (c) 20 nm Si3 N4 Heat treatment was performed in 105 Pa (100 at.%) CO at 1100◦ C for 8 hours
at atmospheric pressure.

5.4

Technical consequences

The first step to form SiC NCs on the Si side of the SiO2 /Si interface is the diffusion of CO
through the thermally grown silica. If we do not have any silica on top of Si, we still have SiC
NC growth, but the shape of the crystallites is more irregular. The presence of SiO2 stabilizes
the interface. Heat treatments without any initial SiO2 resulted oxidation of Si. However,
oxide thickening couldn’t be observe if there were an initial oxide on top of Si [63].
Diffusion in SiO2 turned out to be fast enough not to control the SiC formation, when the
covering oxide is 20-100 nm thick. However, there is a significant effect of the oxide thickness if
the silica is 1000 nm thick. Fig.5.9 shows plan view SEM images after silica removal in HF. All
the samples were heat treated in 105 Pa (100 at.%) CO for 8 hours at atmospheric pressure at
1100◦ C. Fig.5.9(a) shows a Si surface, which is almost completely covered by SiC NCs. This
sample had 100 nm thick SiO2 on top of Si. Fig.5.9(b) shows SiC NCs, that grew under a
1000 nm thick SiO2 . Here we can see that under a thicker oxide layer the nucleation density
decreased. The average size is larger in case (b), however, higher nucleation density on sample
(a) might cause self limited growth. The crystal shape on image (b) also looks more regular
and relaxed, which can be the result of a lower rate of carbon incorporation.
Applying a diffusion barrier as a capping layer, CO diffusion can be hindered so well, that
no SiC can be formed at the interface. In CMOS technology Si3 N4 layer is often used as a
masking layer against oxidation in LOCOS process, because O2 diffusion through the nitride
layer is so slow. If the diffusion of CO through Si3 N4 is also negligible, no CO reaches the
interface, hence no SiC formation is expected. Fig.5.9(c) shows the masking property of a 20
nm thick Si3 N4 layer against CO diffusion at 1100◦ C for 8 hr. No SiC NCs can be observed
after removing the nitride in HF.
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Figure 5.10: Selective SiC NC growth can be achieved by applying Si3 N4 layer as a diffusion barrier.
The sample was heat treated in 105 Pa (100 at.%) CO at 1100◦ C at atmospheric pressure for 2 hours
long. Nitride covered the grey area, oxide covered the white are. Before the SEM investigation Si3 N4
and SiO2 layers have been removed in HF. SiC NCs can be seen on the area, which was covered by SiO2 ,
while nitride acted as a masking layer.

This effect allows us to protect Si surfaces from SiC NC formation by applying Si3 N4 as
a masking layer and we can selectively form SiC NCs where the capping layer is SiO2 . Fig.
5.10 shows images of a Si surface, where grey regions were protected by Si3 N4 and white areas
were covered by SiO2 . We performed a 2 hrs annealing in 105 Pa (100 at.%) CO at 1100◦ C at
atmospheric pressure and then Si3 N4 and SiO2 layers have been removed. Selective growth of
SiC NCs can be observed.

5.5

Summary - CO diffusion in SiO2

The diffusion and possible reaction mechanism of CO in SiO2 was investigated by stable isotopic tracing using SIMS and NRA. Isotopically labeled CO molecules (13 C18 O) were used to
distinguish the signal of diffusing species from that of the network as well as that of contamination.
• At the SiO2 /Si interface 13 C accumulation was observed by SIMS. NRA showed that 13 C
amount increases linearly both with increasing CO gas pressure and annealing time. SiC
nucleation density increased by increasing pressure.
• Near the interface we observed significant increase of 18 O correlated to accumulation of
13 C , probably caused by the release of atomic oxygen from CO molecule.
• The discrepancy of the ratio of the released 18 O to 13 C from unity is quantitatively
explained in terms of the significant reduction of the isotopic fraction of 18 O in 13 C18 O
48

5. CO diffusion in SiO2

5.5. Summary - CO diffusion in SiO2

due to exchange reaction of oxygen between the carrier and the network.
• The diffusion species was suggested to be the molecular CO and in the interfacial reaction
both SiC and SiOx may be formed.
• We applied the DG theory to the diffusion and reaction processes of CO molecules in
SiO2 /Si. As a result, we found that the DG model demonstrates the mechanism of CO
molecule diffusion in SiO2 /Si as well. The parabolic and linear constants take significantly
smaller values compared to the case of dry-oxidation of silicon (kp = 3.9 ± 1.0 × 10−16
cm2 /s and kl = 1.3 ± 0.2 × 10−11 cm/s).
• The permeability, DCO [CO]S is estimated to be 9.0 ± 2.0 × 106 cm−1 s−1 , about 10 times
smaller than the value reported for dry O2 diffusion in silica reported by Deal and Grove
for the same temperature and pressure.
• From the set of results presented, the CO diffusion coefficient in amorphous silica, at
1100◦ C, is estimated to be DCO = 1.8 × 10−9 cm2 /s. This value is close to the N2
diffusion coefficient in silica at the same temperature.
• I have shown that SiC NCs can be grown selectively on Si, by applying Si3 N4 as a diffusion
barrier against CO.
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Chapter 6

Nucleation and growth of SiC NCs
CO diffusion in SiO2 was investigated by isotopically labeled gases in the previous chapter.
CO was identified as a diffusion species across SiO2 . Dissociation occurs only at the vicinity
of the Si/SiO2 interface, where it forms SiC and SiOx . In this chapter I discuss the nucleation
and growth process of SiC NCs in Si.

6.1

Experimental

Annealing of single crystal (100) Si with 100 nm thermally grown SiO2 was performed in 5×103
Pa (5 at.%) CO at 1190◦ C and in 105 Pa (100 at.%) CO at 1100◦ C for various times. Plan view
images were made by SEM after I have removed the SiO2 layer in HF. SEM pictures provided
us enough data to get statistical average of lateral sizes. Cross sectional studies were carried
out in TEM. Detailed sample preparation is described in Chapter 4.4.

6.1.1

Experiments in 5×103 Pa (5 at.%) CO

Average size of SiC NCs versus time was extracted from plan view SEM images. Fig.6.1 shows
the lateral size after 1.5, 3, 8, 20 and 102 hours. (Data point of 102 hrs annealing was taken
from Ref. [63, 65].) If we plot the surface area (S) of SiC NCs versus time, we can find a good
linear relationship between them (inset of Fig.6.1). Parameters of the linear regression are:
S5at.% = a + b · t = 887 + 182 · t, correlation coefficient is 0.9994. This suggests that the lateral
dimension is proportional to the square root of the annealing time.
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Figure 6.1: Average lateral size of SiC NCs made in 5 at.% CO at 1190◦ C. Inset shows the linear fit
(red line) of surface area versus annealing time relationship.

Fig.6.2(a) shows a typical plan view SEM image of SiC NCs made in 20 hrs annealing in 5
at.% CO. SiO2 layer was selectively removed in HF.
Pits were suggested to contain SiOx , which was co-formed during the NC formation by
using oxygen of the incoming CO (Chapter 5). High resolution cross sectional TEM image
of a SiC NC is shown on Fig.6.2(b) to clarify the position of SiC, SiO2 and SiOx . Detailed
description of the morphology of SiC NCs on (100) Si will be discussed in Chapter 7.
Fig.6.3 shows the vertical size or thickness of SiC NCs after 1.5, 3, 8, 20 and 102 hours,
based on XTEM images. While from SEM images hundreds of NCs can be measured to extract
the average value of the lateral dimension, for thickness data extraction one can examine only
a couple of NCs.
Fig.6.4 shows XTEM image of a series of SiC NCs after 1.5 hrs annealing. The Si/SiC
interface parallel with the SiO2 /Si interface is clear and flat providing us a well defined thickness
data. Electron diffraction and HRTEM investigation proved that this is a heteroepitaxial
interface [63, 64].
Fig.6.5 shows an XTEM image of SiC NCs after 102 hrs annealing in 5 at.% CO. The thickness of this layer is undefined, varies between 30-60 nm. <111> directed stacking faults [65]
originating from the Si-SiC lattice mismatch were formed. Data point (on Fig.6.3) corresponding to the 102 hrs thermal treatment does not fit on either the linear or the parabolic
hypothetical regression curve.
Coverage versus annealing time can be important if we want to form a continuous layer.
After 8 hours annealing at 1190◦ C only 15% of the Si surface is covered by SiC. After 102 hours
51

6. Nucleation and growth

6.1. Experimental

(a)

(b)

Figure 6.2: a) Plan view SEM image of SiC NCs made by annealing in 5×103 Pa (5 at.%) CO at
1190◦ C for 20 hours, SiO2 was removed in HF. b) XTEM image of SiC NC made by annealing in 5×103
Pa (5 at.%) CO for 1.5 hours at 1190◦ C. Moire pattern can be seen, where SiC and Si coexist. SiO2
and SiOx can be selectively removed in HF.

Figure 6.3: Average thickness of SiC NCs made in 5 at.% CO at 1190◦ C. Both linear (red line) and
parabolic (blue line) curve fitted on the 1.5-20 hrs data points deviates from the thickness measured at
102 h.
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Figure 6.4: Cross sectional TEM image of SiC NCs made by annealing in 5×103 Pa (5 at.%) CO at
1190◦ C for 1.5 hrs, heteroepitaxial flat Si/SiC interface parallel to SiO2 /Si interface can be seen.

the coverage was found to be 85%. To reach 100% coverage 5 days of continuous annealing at
1190◦ C would be necessary.
Evolution of SiC NC size distribution with increasing annealing time in 5×103 Pa (5 at.%)
CO is shown on Fig.6.6. Lateral sizes were analyzed since cross sectional TEM investigation
does not give enough data to have good statistics. Size distribution was fitted by a Gaussian
function. Mean crystal size of 1.5, 8 and 20 hrs heat treated samples are 31 nm, 49 nm and 68
nm respectively. Distribution width increased from 10 nm, 15 nm to 28 nm, which is 33%, 30%
and 41% relative distribution width. Smallest NC size after 1.5 h annealing was 15 nm. NCs
with really small sizes cannot be observed, which can be a side effect of our sample preparation
in case of this first sample. However, in case of 8 hrs and 20 hrs heat treated sample this
cannot explain why is the smallest crystal size 20 nm and 30 nm respectively. This suggests
that there is no continuous nucleation in the system. After the nucleation period the growth

Figure 6.5: Cross sectional TEM image of SiC NCs made by annealing in 5×103 Pa (5 at.%) CO
at 1190◦ C for 102 hours, Stress relaxation dominates in growth. Strain energy is released in <111>
stacking faults.

53

6. Nucleation and growth

6.1. Experimental

number of grains [%]

10
Annealing time
1.5 h
8h
20 h

8
6
4
2
0
0

10 20 30 40 50 60 70 80 90 100

size [nm]
Figure 6.6: Evolution of the SiC NC size distribution with increasing annealing time. Samples were
made in 5×103 Pa (5 at.%) CO at 1190◦ C. Small sized NCs cannot be found, which suggests that there
is no continuous nucleation.

is dominant. This is supported by the fact that the nucleation density is not growing with
increasing annealing time.

6.1.2

Experiments in 105 Pa (100 at.%) CO

We performed experiments in 105 Pa (100 at.%) CO gas at atmospheric pressure at 1100◦ C
to compare the nucleation and growth of SiC NCs. Average size of SiC NCs versus time was
extracted from plan view SEM images. Fig.6.7 shows the lateral size after 1, 1.5, 2, 3 and 6
hours. We do not have enough XTEM measurements to make a vertical size versus time plot.
Fig.6.8 shows a typical plan view SEM image of SiC NCs made in 105 Pa (100 at.%) CO
by 3 hours annealing. Nucleation density is increased from 4×109 cm−2 to 3-4×1010 cm−2 by
increasing the CO concentration from 5×103 Pa (5 at.%) to 105 Pa (100 at.%). Nucleation
density does not increase with increasing annealing time, just like in the case of 5×103 Pa (5
at.%) CO.
Higher nucleation density and faster growth rate results that after 6 hrs annealing at 1100◦ C
in 105 Pa (100 at.%) CO a continuous SiC layer is formed on (100) Si substrate (Fig.6.9).
Longer annealing time (8hrs) results cracked SiC layers on large single crystal surfaces,
however on small sized micromachined 3D surfaces (produced by anisotropic etching) we managed to get an almost complete coverage (Fig.6.10). This suggests that stress relaxation plays
important role if we are aiming continuous layer growth.
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Figure 6.7: Average lateral size of SiC NCs made in 105 Pa (100 at.%) CO at 1100◦ C.

From technological point of view this can be a useful phenomenon, these SiC layers can
be used as a protective layer for MEMS devices operating in harsh environment. Further
investigations are in progress whether these layers are continuous polycrystalline thin films
with good resistance against aggressive chemicals.
Inset of Fig.6.7 shows the linear regression on the first 4 data points. Parameters of the
linear regression are: S100at% = a + b · t = 102 + 310 · t, correlation coefficient is 0.9992.

Figure 6.8: Plan view SEM image of SiC NCs made by annealing in 105 Pa (100 at.%) CO for 3
hours at 1100◦ C, SiO2 was removed in HF. Nucleation density is 4×1010 cm−2 .
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Figure 6.9: Plan view SEM image of SiC NCs made by annealing in 105 Pa (100 at.%) CO for 6
hours at 1100◦ C, SiO2 was removed in HF. Coverage is almost 100%.

Figure 6.10: a) Single crystal Si surface covered by cracked SiC layer b) Micromachined small Si
surface covered by SiC layer. Annealing time was 8 hours at 1100◦ C in 105 Pa (100 at.%) CO.
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This may suggests that the lateral size is proportional by the square root of annealing time,
while the growth is not limited.
Smallest NC size found on sample after 1.5 hr heat treatment was 7 nm, after 3 hr heat
treatment 10 nm. These values are smaller compared to the 5×103 Pa (5 at.%) experiments.

6.2

Theory of nucleation and growth

In the following section I propose a possible nucleation and growth model, based on my and
others [63, 65] experimental work.

6.2.1

Growth theory of SiC NCs

Detailed electron microscopy studies allowed us to collect enough data about the growth rate in
the lateral dimension. Size dependency of the growth rate gives information about the growth
limiting process [86]. After collecting enough data about the growth process I try to deduce a
nucleation theory which is hard to investigate with direct methods.
To study the SiC NC nucleation and growth I will use a tetragonal shape model for size
approximation. (As we will see in Chapter 7, this is only a rough approximation of the shape.)
The lateral dimension of a NC will be denoted by a and the thickness by b. The a/b ratio is
between 2-3, I will use the value 2.25 determined by Krafcsik [63]. The total estimated volume
of a SiC NC is V = a2 b.
The two growth dimensions a × a and b are separately plotted on the insets of Fig 6.1 and
Fig.6.3. Lateral growth rate is inversely proportional with size. The time dependency of the
vertical growth rate can’t be determined from these data points.
In section 2.2.4 two extreme growth modes were introduced. Diffusion controlled growth is
observed when the interface reaction rate constant is so high that the growth rate is limited
by the diffusion rate of the reacting species. In this case the linear growth rate is inversely
proportional to the particle radius. And the linear size is proportional with the square root of
time. Growth of a spherical particle in the diffusion controlled mode is described by Eq. 2.15
and Eq. 2.24.
Interface control growth occurs when the interfacial reaction controls the growth. In this
case the linear growth rate is independent of the particle radius. The linear size is proportional
with time. Growth of a spherical particle in the reaction controlled mode is described by Eq.
2.16 and Eq. 2.25.
Based the above mentioned relationships, the experiments suggest that the lateral growth
is governed by diffusion, the diffusion species can be the carbon containing species in the
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Figure 6.11: High resolution cross sectional electron microscopy study of the heteroepitaxial SiC/Si
interface, with atomic match 5 : 4.

near-interface region of Si.
The SiC/Si interface is a semicoherent plane with heteroepitaxial fit. High-resolution
XTEM investigation revealed the atomically perfect SiC/Si interface, with the 20% lattice
mismatch (Fig.6.11). Hajnal [108] calculated a possible ordered epitaxial interface of (100) Si
and the corresponding SiC NCs. Fig 6.12 shows the calculated relaxed semicoherent interface.
In other SiC nucleation experiments [54,72], voids were formed below the SiC grains because
of the Si out-diffusion. SiC formation in Si under SiO2 layer by CO annealing is void-free, even
after 102 hrs annealing [63]. Si out-diffusion can be limited by the SiO2 passivation layer. This
also supports that in the diffusion limited growth of SiC NCs, the carbon diffusion can be the
limiting process.

Figure 6.12: Relaxed structure consists of a regular network of ”channels”, resembling edge dislocation
cores. 2x2 surface supercell: a) viewed along [110] and b) viewed along [110] [108].
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Nucleation theory of SiC NCs

Analyzing the lateral diffusion limited growth of the SiC NCs, a theory can be built up to
explain nucleation and growth of SiC NCs.
I propose a model, where the CO is diffusing through the SiO2 layer quite fast. This was
suggested by Krafcsik et al. [63] and measurements shown in Chapter 4 supported this theory.
CO dissociation when reaching Si is the next possible step in the process. CO dissociative
adsorption on Si surface with increasing temperature was found by Palermo et al. [70] and
under electron beam irradiation by Ekwelundu et al. [109] and Coad et al. [110].
In my model I presume that carbon and oxygen enter the Si and after reaching supersaturation, SiC precipitation occurs in the form of NCs. Werner et al. [111] measured that the
Si-C agglomerates in Si formed by carbon implantation into Si are stable up to a temperature
of about 700◦ C. At higher temperatures Si-C agglomerates are transformed into 3C-SiC. Since
the atom density of agglomerates of interstitials is nearly the same as that of the SiC unit cell
such a transformation generates precipitates without any remarkable strain. The slightly larger
volume of SiC of about 3%, compared to the Si matrix can be compensated by vacancies [111].
In Sec.2.2.6 it was shown, that carbon precipitation is very difficult even if the carbon
concentration is well above the equilibrium solubility limit [94]. The interface energy of SiC
in Si is estimated to be 2-8 J/m2 . They have also shown that the presence of oxygen can
help the precipitation of carbon in Si. Isotopically labeled experiments (in Chapter 4) showed
that co-formation of carbon and oxygen related products happen at the vicinity of the Si/SiO2
interface. TEM, SEM and AFM measurements suggest that SiOx is formed on the top side
of the incoherent sidewalls of SiC NCs. This suggests that dissolved carbon and oxygen coprecipitation can cause the heterogeneous nucleation of SiC NCs at the Si side of the SiO2 /Si
interface.
In the following I will estimate the critical nuclei size and the corresponding nucleation
barrier, based on the previously shown experiments and hypothesis in 5×103 Pa (5 at.%) CO.
Steps of the calculation will be:
1. Estimation of the carbon supersaturation
2. Estimation of the Si/SiC and SiO2 /SiC interfacial energy
3. Estimation of the critical nuclei size and nucleation barrier from Eq. 2.11 and Eq. 2.12.
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Estimation of carbon supersaturation in Si
The a(t) function for an oblate square-like precipitate in diffusion controlled growth mode gives
the following relationship if the sides are (a, a, a/2.25).

a=

√
2ΩDt

(6.1)

Calculation is based on Ref. [76], where spherical particle shape is used (Sec. 2.2.4). In my
model I use two approximations:
• I estimate b with a linear function of a: b =

a
2.25

• The volume build up from the diffusion limited mechanism - from the direction of the
sidewalls - is estimated to be Vdif f = Vtotal − Vpyramid = a2 b − 31 a2 b (Fig.6.13).
Based on these approximations the surface, where the diffusion is taken into account (as
growth mechanism across the bottom interface can’t be determined) and the relevant volume
fraction of SiC precipitate is:
a
(6.2)
A = 4a
2.25
Vdif f =
This gives

2 a3
3 2.25

16 2 dC
8
dr
a D
|a = a2 (Cβ − Ci )
9
dr
9
dt

(6.3)

(6.4)

instead of Eq. 2.21. But from now on all the mathematical operations are the same as in Eq.
2.22-2.23 resulting Eq. 6.1.

Figure 6.13: Calculation of diffusion limited volume fraction. The volume of the pyramid (marked
with yellow) corresponds to the growth across the coherent interface. Vpyramid = 13 a2 b.
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tan α [nm2/h]
Dc [cm2/s]
Cα
Ω
C0
C0/Cα
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T = 1190◦ C 5×103 Pa (5 at.%) CO
182
4 × 10−11
9.5 × 10−7
6.4 × 10−6
4.2 × 10−6
4.4

T = 1100◦ C 105 Pa (100 at.%) CO
310
8 × 10−12
4.4 × 10−7
5.4 × 10−5
2.7 × 10−5
62

Table 6.1: Calculation of carbon supersaturation from the linear regression data.

From the linear regression on the inset of Fig 6.1 we can calculate the dimensionless carbon
supersaturation in Si at 1190◦ C in 5×103 Pa (5 at.%) CO.

Ω=

1 tan α
C0 − Cα
=
2 D
Cβ − Cα

(6.5)

Cα is the equilibrium composition of the parent Si system, which is given by the ratio of
dissolved C in Si at equilibrium.
cα
Cα =
(6.6)
5 × 1022
where cα is the equilibrium solubility of C in Si from Eq. 2.26
Cβ is the equilibrium composition of carbon in the precipitate SiC phase, Cβ =0.5
C0 is the equilibrium composition of the supersaturated Si-C phase, which is the unknown
parameter
Calculated values are summarized in Table 6.1, temperature dependency of carbon diffusion
(Dc ) in Si was taken from Eq. 2.27.
Relative supersaturation value is calculated to be 4.4 in 5×103 Pa (5 at.%) CO at 1190◦ C.

Interface energy approximation
For interface energy approximation we will use the Girifalco-Good equation [112]:
p
σ1|2 = σ1|v + σ2|v − 2Φ σ1|v σ2|v

(6.7)

where σ1|2 is the interface energy, v stands for vacuum and Φ=0 if two covalently bonded systems are investigated. Surface energies of Si, SiC and SiO2 should be known for this estimation.
The used surface energies and references are summarized in Table 6.2
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Using the highlighted data in Table 6.2 for the Girifalco-Good equation (Eq. 6.7) the
Si/SiC and SiO2 /SiC interface energies can be estimated. The estimated values are also shown
in Table 6.2.

Estimation of the critical nucleus size and nucleation barrier
A rough approximation of critical SiC nucleus size in Si with the above estimated relative
supersaturation and interface energy values is given in the followings.
We can estimate the total free energy change with Eq. 2.10. With our simplified model we
will get the following expression for the total free energy change, when a SiC nucleus is formed:
V − ∆F V ) ≈
∆Ft = Aβ σ − Vβ (∆Fαβ
E

≈

16 2
a3
V
a σSi|SiC + a2 σSi|SiC + a2 σSiO2 |SiC −
(∆FSi,SiC
− ∆FEV )
9
2.25

(6.8)

The free energy change per unit volume in a supersaturated solid solution can be given
by [76]:
kT C0
V
∆Fαβ
=
ln
(6.9)
ν
Cα
where ν is the molecular volume of the new phase, νSiC = 2.08 × 10−29 m3 .
Using Eq. 6.9 in Eq. 6.8 gives the estimated total free energy (∆Fet ) of nucleus formation.

∆Fet = 2.78a2 σSi|SiC + a2 σSiO2 |SiC −
σ1|2 [mJ/m2 ]

a3 kT
C0
(
ln
− ∆FEV )
2.25 νSiC Cα

Ref

SiC
SiO2

1360
1340
1488
2170
1321
2440
600

Eaglesham et al. 1993 in [113]
Wilson et al. 1990 in [114]
Gilmer et al. 1991 in [115]
Stekolnikov et al. 2002 (relaxed) in [116]
Stekolnikov et al. 2002 (reconstructed)in [116]
Zhang et al. 2008 in [117]
Karmous et al. 2006 in [118]

σSi|SiC
σSiO2 |SiC

3761
3040

from Eq. 6.7
from Eq. 6.7

Si{100}

(6.10)

Table 6.2: Surface energies of Si, SiC and SiO2 from various references and the estimated interface
energies of Si/SiC and SiO2 /SiC interfaces.
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The extremum of the total free energy gives the critical nucleus size, which means that the
first derivative of Eq. 6.10 should be equal to zero at the critical nucleus size.
d e
4
kT
C0
∆Ft = a(5.56σSi|SiC + 2σSiO2 |SiC ) − a2 (
ln
− ∆FEV ) = 0
da
3
νSiC Cα

(6.11)

Rearranging Eq. 6.11 gives the estimation of the critical nucleus size (a∗ ):

a∗ =

5.56σSi|SiC + 2σSiO2 |SiC
4 kT
C0
(
ln
− ∆FEV )
3 νSiC Cα

(6.12)

If we do not take into account the elastic strain energy, then the critical nucleus size is
estimated to be
coh
10σSi|SiC
+ 2σSiO2 |SiC
∗
≈ 14 nm
(6.13)
a ≈
4 kT
C0
ln
3 νSiC Cα
This calculation is very sensitive to the interface energy values. Let’s consider the lower
and upper values of SiC/Si interfacial energy, using the estimation of Taylor et al. [94] from
their experimental results. If
2 J/m2 ≤ σSi|SiC ≤ 8 J/m2
this gives the
9 nm ≤ a∗ ≤ 26 nm
range for the critical nucleus size.
Critical nucleus size as a function of σSi|SiC is shown on Fig.6.14 at different relative supersaturation values based on Eq.6.13. At the same σSi|SiC =3.761 J/m2 value if the relative
supersaturation is twice as much as the calculated one (C0 /Cα =8.8), the critical nucleus size
decreases to 9 nm, using the lower value σSi|SiC =2 J/m2 from [94], a∗ decreases to 6 nm. In
my calculations the relative supersaturation value was determined in the growth stage of the
NCs. Fig.2.14 shows that the critical supersaturation value (region II) is much higher than the
supersaturation in the growth stage (region III).
The overestimation of the interface energies and the underestimation of the relative supersaturation can explain the relatively large critical nucleus size.
However, the large (a∗ > 5nm) critical nucleation size can qualitatively explain why we
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Figure 6.14: Critical nucleus size as a function of the Si/SiC interfacial energy and relative supersaturation from Eq.6.13 σSi|SiC =3.761 J/m2 and C0 /Cα =4.4 were used in the calculations. Critical
nucleus size decreases with lower interface energies and with increasing supersaturation.

cannot see really small SiC NCs by TEM. Critical nuclei size is quite large at those supersaturations that we can reach in the solid state. (Taking into account the elastic energy factor
critical nuclei size is even larger.)
Nucleation barrier can be estimated from critical nucleus size:

f∗ ≈ 5a∗2 σ coh + a∗2 σSiO |SiC −
∆F
t
Si|SiC
2

C0
a∗3 kT
ln
≈ 9 × 10−16 J
2.25 νSiC Cα

(6.14)

using a∗ = 24nm. This is approximately 1000 times larger than nucleation barriers in aqueous
solutions [86], according to our expectations. Fig.6.15 shows the calculated nucleation barrier
height as a function of the critical nucleus size and Si/SiC interfacial energy at C0 /Cα =4.4
based on Eg.6.14.
Using the classical nucleation theory for critical size and nucleation barrier estimation is only
a rough approximation. The crystal shape and interface ratios are somewhat different from the
used simplified model, which also modifies the calculated values. However the smallest critical
nucleus size that we have found in 5×103 Pa (5 at.%) CO at 1190◦ C after 20 min annealing is
∼ 10 nm, it is in agreement with our estimation.
What we can summarize from the above calculations, is that the critical nucleation size and
the necessary supersaturation value is in the expected range. If our theory describes our system
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Figure 6.15: Calculated nucleation barrier height as a function of the critical nucleus size and Si/SiC
interfacial energy at C0 /Cα =4.4 based on Eg.6.14. Values used in my calculation are marked by the
red dotted lines.

well, the critical nucleation size and the corresponding nucleation barrier should decrease with
increasing carbon supersaturation. Higher CO partial pressure expected to increase the carbon
supersaturation in Si in the model. In the following I will check my prognosis on experiments
that have been performed in 105 Pa (100 at.%) CO.

Checking the model forecast on experiments made in 105 Pa (100 at.%) CO
Using the same calculation method as above we can estimate the relative supersaturation and
critical nucleus size in 105 Pa (100 at.%) CO.
Inset of Fig 6.7 shows the linear regression on the experimental data, with a 310 nm2 /h
slope. Table 6.1 summarizes the calculated supersaturation value (C0/Cα ) at 1100◦ C, which is
62, compared to the 5×103 Pa (5 at.%) case it is 14 times higher.
Using Eq. 6.8 - 6.13 with the above values critical size and nucleation barrier is calculated.
Critical nucleus size decreased from 14 nm to 5 nm. Nucleation barrier decreased from 9 ×
10−16 J to 3 × 10−16 J.
At equilibrium the concentration of the critical sized nuclei is a function of the nucleation
barrier (Eq. 2.13). This lower nucleation barrier means a higher probability of critical fluctuation, which results higher nucleation density.
These forecasts are confirmed by the experimental results. Nucleation density is 4 × 1010
cm−2 in 105 Pa (100 at.%) CO, while it is 4×109 cm−2 in 5×103 Pa (5 at.%) CO. The observed
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smallest SiC NC size is 7 nm in 105 Pa (100 at.%) CO after 1.5 h annealing at 1100◦ C (it is
18 nm after 1.5 h annealing in 5×103 Pa (5 at.%) CO at 1190◦ C).
In Chapter 4. SEM images of SiC NCs grown in 105 Pa (100 at.%) CO at different pressures
were shown (Fig.5.1). Nucleation density visibly increased with increasing pressure, which
supports this nucleation model, too.
Attempts have been made to form SiC NCs from Si NCs with size < 5nm. Si NCs containing
SiO2 layers have been prepared on Si substrate. After the CO heat treatment (105 Pa (100
at.%) CO 1100◦ C 1hour) TEM only found Si NCs, without any SiC NC. The absence of SiC
NCs can be explained by our model. If the critical nucleus size of a SiC precipitate is bigger
than the initial size of the Si NCs, this can prevent the SiC formation.

Separated nucleation and growth
Nucleation density increased with increasing CO concentration, but experiments shows that
the nucleation density fluctuate around 5×109 cm−2 [65] and does not increase with annealing
time [63, 65], because after the nucleation process the growth mechanism is dominant. This
can be caused by the decrease of supersaturation after the nucleation period [87] if the carbon
dissolution into Si is slow. Detailed explanation can be found in Chapter 2.2.5 by LaMer [87,88].
In that case smaller supersaturation level favors the growth process of already existing nuclei
instead of the nucleation process.

Pre-nucleation time
If the carbon incorporation into Si is slow, it is possible to experience a pre-nucleation period,
while the supersaturation is increasing as long as it is high enough to reach critical nucleation.
This is the first pre-nucleation region on Fig.2.14. Krafcsik [63] reported that annealing done in
5×103 Pa (5 at.%) CO at temperature between 900-1000◦ C showed carbon segregation detected
by SIMS at the Si side of the Si/SiO2 interface. However in these samples no SiC NCs were
found by TEM.
In my experiments after a short annealing time (15 min) we cannot find any SiC NCs by
TEM either.
When we are able to find any SiC NCs their typical size is about 15-20 nm and the nucleation
density is in the 109 cm−2 range. Our observation suggests that it is possible that in our
experiments there is a ∼15 min long pre-nucleation time followed by a fast nucleation period,
which is the region II. on Fig.2.14.
A fast nucleation period is followed by a diffusion limited growth, which suggests that the
dissolution of carbon in Si is slow. Supersaturation value during the growth stage is lower than
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the one during the nucleation period. This is the region III. on Fig.2.14. This can also explain
why the critical nucleus size is overestimated in our calculations.

Effect of the strain
Effect of the 20% lattice mismatch between the SiC and Si lattice becomes dominant after
long annealing times. Lattice mismatch causes strain energy increase if the strain is taken up
elastically [76] since the elastic moduli of Si and SiC are large (metals 10-100 GPa, Si 179
GPa [119], SiC 700 GPa [120]). After 102 hr annealing Makkai showed by cross sectional TEM
investigation (Fig.6.5 ) that stacking faults are formed in the SiC crystals along the <111>
planes [65] induced by strain.

Nucleation and growth model
Based on the above mentioned results I propose a model to qualitatively explain some phenomena in SiC NC formation. The basic observation is, that lateral growth of SiC NCs is diffusion
limited. I suggest that the diffusing species is not the Si, but the carbon containing species, in
my simplified calculation it is the carbon.
1. After the diffusion of CO in SiO2 , CO reaches Si/SiO2 interface, dissociates and carbon
enters the Si.
2. Nucleation in Si close to the Si/SiO2 interface can be considered as a heterogeneous
nucleation in a solid. Owing to the strong barrier to homogeneous nucleation provided
by the interfacial energy, homogeneous nucleation is only found with either extremely
high free-energy driving forces or with precipitates with very low values of interfacial
energy. SiC precipitates in Si have very large interfacial energy [94], which explains why
we can only see NCs at the interface.
3. The presence of oxygen helps the SiC formation [91, 94]. In our experiments we can
see that by the side of SiC NCs SiOx is also present. Co-precipitation may modify the
nucleation process, but in our calculations it is not taken into account.
4. Reaching high enough supersaturation for nucleation may take some time if the dissolution mechanism is slow. It results in a pre-nucleation period, which was found to be ∼15
min in the used temperature range with our experimental conditions.
5. At high enough supersaturation precipitation occurs, epitaxial SiC nuclei forms in the Si
and amorphous SiOx forms on top side of the sidewalls. The calculated supersaturation
value suggests that the size of a critical nuclei and the critical nucleation barrier is quite
high, which can explain why we cannot find small (5 nm >) SiC NCs in our system.
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6. If the dissolution process is slow, then after the nucleation the supersaturation drops
and growth become more favorable. That explains why the nucleation density does not
increase with annealing time.

6.3

Summary - Nucleation and growth

Based on microscopy studies of SiC NCs formed in 5×103 Pa (5 at.%) and 105 Pa (100 at.%)
CO I have studied the nucleation and growth processes.
• In this work a nucleation and growth model was proposed and it was supported by
approximative calculations and forecasts.
• Lateral size of SiC NC is proportional to the square root of time. This suggests that
the lateral growth is limited by diffusion and carbon diffusion in Si is proposed to be the
limiting process.
• Nucleation density of SiC NCs is increased from 4×109 cm−2 to 4×1010 cm−2 by increasing the CO concentration from 5×103 Pa (5 at.%) to 105 Pa (100 at.%). Nucleation
density increases with increasing pressure.
• Smallest observable SiC NC size was reduced by increased CO concentration.
• Nucleation density does not increase with time, because after a short nucleation process
the growth is dominant.
• It was shown experimentally that annealing a SiO2 /Si structure in 105 Pa (100 at.%) CO
at 1100o C for 6 hours results a continuous polycrystalline SiC layer.
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Chapter 7

Orientation dependent morphology and
nucleation
Effect of the substrate orientation on SiC nucleation, growth and morphology will be investigated in this chapter. Interface structure, effect of the strain on morphology is discussed.

7.1

Experimental

Experiments were carried out in 5×103 Pa (5 at.%) and 105 Pa (100 at.%) CO on micromachined (100), (110) and (111) surfaces and on single crystal (100), (110) and (111) Si wafers.
The annealing temperature was 1190◦ C and 1100◦ C in 5×103 Pa (5 at.%) and 105 Pa (100
at.%) CO respectively. The Si surface was covered by 100 nm thermally grown dry SiO2 . It was
found that the nucleation density, size and morphology strongly depends on the orientation of
the surface.

7.1.1

Experiments in 5×103 Pa (5 at.%) CO

Si surfaces with different Miller-indices were produced by anisotropic etching in a two component alkaline solution [121], which results mirror-like, defect-free Si surface. 100 nm oxide were
thermally grown on Si by dry oxidation. These structures were heat treated in 5×103 Pa (5
at.%) CO for 20 hours. Fig.7.1(a) shows a Si groove with a (100) bottom surface. The red area
is enlarged on Fig.7.1(b). The (100) bottom surface is surrounded by tilted side-walls with
(100) and higher Miller indices. SiC NCs are visible on the surface after removing the SiO2
layer in HF. Size, nucleation density and morphology is significantly different on the different
surfaces.
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Figure 7.1: SiC NCs were formed on differently oriented micromachined surfaces in 5×103 Pa (5
at.%) CO at 1190◦ C for 20 hours. By SEM we are looking into a micromachined 3D Si groove. The red
area shown on image (a) is enlarged on image (b). SiC nucleation, growth and morphology significantly
differs on the differently oriented surfaces.

In order to exclude the effect of the surface micromachining (possible contamination effect),
experiments were repeated on single crystal Si wafers with the three main orientations. Shape,
size and nucleation density was investigated by SEM and AFM.
On Fig.7.2.(a), (b) and (c) SiC NCs grown epitaxial on Si (100), (110) and (111) are
presented respectively. Below the images magnified image of a single SiC nanocrystal is shown.
The size and shape of the NCs are different and they are sitting in a pit. During the suggested
reaction (Eq.2.2) between the CO and the Si at the interface not only SiC NCs are formed but
also SiO2 . Location of the formed SiOx can be seen on the cross sectional TEM image, marked
with red. While etching the protective oxide layer from the top of the Si substrate, the SiOx
created in the reaction, next to the SiC NCs will also be removed, resulting pits observed on
the pictures.
Samples after 8 hrs annealing were compared by their characteristic size (diagonal of the
squares on the < 100 > and < 110 > crystal planes and the diameter of the hexagon on the
< 111 > crystal plane), average area and nucleation density. Comparing the typical size of the
crystallite’s area and nucleation density of the grains on the three differently oriented plane
(Table 7.1) one can observe that the largest and less pronounced shape crystallites are on the
(111) plane with 2620 nm2 average area. The nucleation density on the (100) and (111) planes
is approximately the same, 4.5×109 cm−2 while on the (110) plane 1.9×1010 cm−2 which is
four times higher.
AFM was also used to get a more detailed image of the morphology. In order to make the
shapes on the different orientations more visible (Fig.7.3), part of the Si was removed from
the area around the NCs by oxidation. Detailed description of the sample preparation can be
found in Chapter 4.4.
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Figure 7.2: Plan view SEM images of SiC-NCs on the a) (100) b) (110) c) (111) oriented Si wafers.
Experiments were carried out in 5×103 Pa (5 at.%) CO at 1190◦ C for 8 hours. Single SiC crystals
are enlarged below each image. XTEM image shows the amorphous material (shown in red) in the pits
beside the SiC NC. Moire pattern shows the presence of two crystalline material, Si and SiC in our
case. The observed pits beside the crystals may originate from SiC and SiOx co-formation.

Figure 7.3: Plan view AFM images of single SiC-NCs on the (100), (110) and (111) oriented Si planes
after 8 hrs annealing at 1190◦ C in 5×103 Pa (5 at.%) CO.
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Figure 7.4: SEM pictures of the three main orientations after annealing in CO (1100◦ C, 105 Pa (100
at.%) CO, 2 hrs). The shapes of the crystals are different, just like in the case of diluted CO, but the
density is approximately the same. The crystals are so close to each other that self-limited growth may
occur, the average size of the crystals are not significantly differ on the three crystal planes.

7.1.2

Experiments in 105 Pa (100 at.%) CO

Fig.7.4 shows plan view SEM image of differently oriented Si surfaces without the oxide layer,
that were annealed in 105 Pa (100 at.%) CO for 2 hours. Reactive annealing in 105 Pa (100
at.%) CO on (100), (110) and (111) surfaces shows the same morphology difference, that we
have found before. However, the nucleation density difference disappeared, the value is in the
1010 cm−2 range on all the three planes. There is also no significant difference in the sizes, but
this may be caused by the self limiting growth.
Cross sectional TEM studies revealed the coherent interface on differently oriented samples,
that were heat treated in 105 Pa (100 at.%) CO for 1 hour (Fig.7.5). The coherent interface
on the different substrates shows different behavior. The most regular, planar Si/SiC interface
is on (100) surface, however stacking faults in the (111) direction can be recognized there, too.
Crystal plane
Average area [nm2 ]
Average diagonal /diameter [nm]
Nucleation density [×109 cm−2 ]

(100)
2074 ± 567
63 ± 8
4.4 ± 0.7

(110)
968 ± 401
42 ± 8
19 ± 2

(111)
2623 ± 593
63 ± 7
4.6 ± 0.4

Table 7.1: Comparison of the average grain size and the nucleation density on the three main Si crystal
plane after 8 hrs annealing at 1190◦ C.

.
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Figure 7.5: XTEM studies of the SiC/Si interface after 1 hour heat treatment in 105 Pa (100 at.%)
CO at 1100◦ C.

7.2

Orientation dependent morphology

Makkai showed by electron diffraction [65] that the heteroepitaxial relationship is valid on the
different orientations. Our group [T9] calculated the possible relaxed heteroepitaxial interface
structures on the three main crystal orientations (Fig 7.6) by density functional based tight
binding simulations. Top view of the calculated [108] relaxed (110) and (111) Si/SiC interface
is shown on Fig.7.7(a) and 7.7(b).
Investigating the shape of the SiC NCs, we can find that they show similar, but lower
symmetry than the bulk Si mother phase. Fig. 7.8 shows the different orientations of diamond
and zincblende structures. Comparing them with Fig.7.2 four fold, rectangular and hexagonal
symmetries originate from the bulk Si symmetry.
Brener et al. [123] found that critical nucleus in solid state tends to have an oblate shape,
which is more favorable compared to a spherical shape because it lowers the elastic energy.
As we mentioned in Chapter 2.2.3 Zhang et al. [84] calculated the effect of elastic energy
and surface energy anisotropy on the morphology of nuclei in solid state. They have shown
that strong elastic interaction may lead to critical nuclei with cuboidal, platelike, or even
nonconvex shapes (Fig. 2.13). For intermediate values of elastic contribution, critical nuclei
with nonconvex surfaces are the most probable morphology. Calculated shapes are shown on
Fig.7.9 [84].
Concave shapes can be found in SiC NCs on (100) and (111) Si surfaces, while rectangular
and hexagonal symmetry is recognizable in the morphology. This may suggest that elastic
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Figure 7.6: Calculated relaxed (a) (100) SiC/Si interface viewed along [110] direction, (b) (110) SiC/Si
interface viewed along [101] direction, (c) (111) SiC/Si interface viewed along [101] direction [108].

(a)

(b)

Figure 7.7: Top view of the calculated Si/SiC interface on a) 110 and b) 111 orientation [108].
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Figure 7.8: Top and side view of the low index surfaces of the zincblende structure. Pictures
represent the surfaces of the diamond structure if the dark and lightly shaded atoms are identical.
zincblende the ideal (111) surfaces are polar, as the surface layer consists of one type of atoms.
lines indicate the boundaries of the (111), (100) and (110) planes as drawn into the bulk cubic cell.
dashed lines are the surface unit cells [122].
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Figure 7.9: Critical nucleation energy with changing elastic energy contribution and critical nuclei
profiles [84].
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energy contribution in case of (100) and (111) substrate is high compared to the chemical
driving force and lower in case of (110) surface.
From the shape based on Fig. 7.2 we can estimate the ratio of interface energy
anisotropy
√
3
αx
αx
in x and y direction. On (100) and (110) αy ≈ 1, while on (111) substrate αy ≈ 2 .

7.3

Orientation dependent nucleation

Nucleation density variation on differently oriented Si surfaces was demonstrated by the experiments. Comparison of differently oriented Si surface properties can be found in Table 7.2
showing that bond density, initial oxidation rate for thin oxide and compressive intrinsic stress
in Si under SiO2 layer has the highest value on (110) Si.
Nucleation model was proposed in Chapter 5, which gave an estimation of critical nuclei size
and energy barrier of nucleation. Lets consider the results in 5×103 Pa (5 at.%) CO annealing,
where the highest nucleation density is on (110) plane with the smallest size. According to the
proposed model smaller nucleation barrier height on (110) plane can explain the experimentally
observed larger nucleation density (Eq.2.13) and smaller size (Eq. 6.12).
Eq.6.12 was used to calculate the critical nuclei size in Chapter 5., when elastic energy
contribution is not neglected.
It was shown that in the 3C-SiC/Si heterojunctions the introduced strain to the epitaxial
films is biaxial tensile strain [124]. Table 7.2 reveals that the highest compressive intrinsic
stress in Si under SiO2 follows the order (111) ≤ (100) < (110) for all oxide thicknesses which
may compensate the tensile strain caused by SiC formation resulting the smallest net elastic
effect contribution on (110) plane.

Bonds/cm2 [125] [×1014 ]
Available bonds/cm2 [125] [×1014 ]
Surface state fixed charge [126]
Linear oxidation rate constant [126]

(100)
13.55
6.77
(100)
Qss
(100)
kl

Initial linear oxidation rate [127]
Compressive intrinsic stress in Si [127]

kl
(111)
σl

(100)

<
<
<

(110)
19.18
9.59
(110)
Qss
(110)
kl

<
≤

kl
(100)
σl

(111)

<
<
<

(111)
15.68
11.76
(111)
Qss
(111)
kl

<
<

kl
(110)
σl

(110)

Table 7.2: Comparison of the (100), (110) and (111) oriented Si surface properties

.
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Based on the shape examination elastic energy contribution in case of (110) surface may
be really negligible, while concave shapes suggests, that it cannot be neglected in case of (100)
and (111) surfaces.
In case of the critical nuclei size calculation on (110) plane, the denominator in Eq.6.12 is
larger compared to the (100) and (111) cases. This results smaller critical nuclei size and a lower
barrier height for nucleation which increase the possibility of a critical fluctuation/nucleation
and raises the nucleation density.
Higher supersaturation and lower interface energies can give back the same tendency. However both Si and SiC has the lowest surface energy on the (111) plane [116, 128].
Higher supersaturation in case of 105 Pa (100 at.%) CO can cause the higher nucleation
density and smaller critical nuclei size on every plane compared to the 5×103 Pa (5 at.%) case.

7.4

Summary - Orientation dependencies

• I have shown experimentally that the morphology, nucleation density and size strongly
depends of the orientation of the Si substrate.
• Morphology is governed by the substrate crystal symmetry and elastic stress. Fourfold,
rectangular and hexagonal symmetry of the SiC NCs are visible on the (100), (110) and
(111) oriented Si planes respectively. Concave equilibrium shapes on (100) and (111)
surfaces suggest that elastic energy contribution is remarkable in the shape definition.
Epitaxial relationship was determined on the three orientations by electron diffraction in
TEM.
• The SiC nucleation density is 4 times higher on (110) than on (100) and (111) surfaces.
The smallest crystal size is on the (110) plane. Orientation dependent free energy of
formation is recognizable in experiments made in 5×103 Pa (5 at.%) CO. Experiments
suggests that SiC formed on the (110) surface has the lowest formation energy, which
results smaller critical nucleation size and higher nucleation density.
• Experiments in 105 Pa (100 at.%) CO shows the same nucleation density and size on all
the three surfaces, which suggest that nucleation barrier is lowered by supersaturation.
• Si/SiC interface is parallel and most coherent on (100), however stacking faults in the
(111) direction can be seen.
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Chapter 8

Nucleation and growth on grain
boundaries, defects and edges
I proposed a model in Chapter 5 suggesting that carbon is incorporated in Si during CO
annealing, and forms a supersaturated solid solution with Si. Precipitation of SiC is limited
by high nucleation barrier, which defines the nucleation density and critical nucleation size.
Growth of SiC nuclei is limited by carbon diffusion. In Chapter 7 nucleation on defects, grain
boundaries and edges will be studied experimentally. The observed phenomena will be fitted
in our model.

8.1
8.1.1

Experimental
Nucleation on grain boundaries

Nucleation on grain boundaries can be investigated if we use polycrystalline Si instead of single
crystal Si. From technological point of view poly-Si can ensure more flexibility in the use
of this procedure if our goal is to make a continuous polycrystalline SiC protective layer for
a harsh environment device. It can help in stress relaxation and unlike epitaxial Si can be
deposited on arbitrary substrates and does not need exposed Si underneath. Its good thermal
stability, good interface to SiO2 , good conformality and ease of deposition and processing have
made it a mainstay of Si microelectronics technology. Polycrystalline Si is made up of regions
of crystalline material, but with each grain oriented slightly differently from the neighboring
grains and separated by grain boundaries from each other.
In order to avoid any reaction with the underlying Si we used a thin silicon-nitride (Si3 N4 )
layer underneath the poly-Si. This blocked the CO diffusion down to Si.
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Figure 8.1: SiC NCs grown on (a) single crystal Si, (b) on poly-Si with 300 nm grain size, (c) on
poly-Si with 100 nm grain size.

Poly Si was deposited in LPCVD furnace at 630◦ C and 610◦ C, which resulted 300 nm and
100 nm average grain size respectively. We have used crystalline (100) Si as a reference sample
for our investigations.
The comparison of the three samples after 3 hrs CO heat treatment at 1100◦ C is shown on
Fig.8.1 SiC nucleation on poly-Si takes place on two characteristic regions: nucleation on the
grain area and nucleation on grain boundaries.

Grain area
Nucleation density can be calculated on the grain area on 300 nm poly-Si sample. Nucleation
density is in the same range on the grain area as compared to the single crystal sample (∼
4 − 5 × 1010 cm−2 ). Average SiC crystal size on the grain area of poly-Si is smaller than on
the single crystal Si (Table 8.1). Morphology on poly-Si grains is more random, while keeps
the fourfold symmetry on (100) single crystal surface.
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Grain boundaries
Compared to the grain area increased nucleation density can be observed on poly-Si grain
boundaries. As we decreased the poly-Si grain size to 100 nm, nucleation on the grain area
disappeared and SiC can only be seen on the grain boundaries. Nucleation density can only be
estimated as it is very hard to separate the single SiC NCs. Grain boundary nucleation density
on poly-Si sample with 300 nm estimated to be 1 × 1011 cm−2 . SiC crystal size is smaller
compared to the single crystal case and morphology shows similarities to dendrite growth.

8.1.2

Nucleation around defects in single crystal Si

During SEM investigations we found sometimes large defects, mainly cracks in single crystal
Si, which may originate of sample preparation procedures, before the CO annealing. Fig.8.2
shows an SEM image of a (100) Si surface, with a large contamination on the upper left side.
Cracks are stretching out of the zigzagged center, enlarged image of these areas are shown on
Fig.8.3(a) and 8.3(b).
Nucleation at the cracks shows a higher nucleation density and smaller grain size, compared
to the single crystal region. There is a clear, nucleation free region everywhere around the
defects. After 20 hrs heat treatment in 5×103 Pa (5 at.%) CO this zone is ∼200-400 nm wide.

8.1.3

Nucleation around edges and corners

Nucleation at corners and edges of micromachined 3D Si structures is shown on Fig.8.4 - 8.5.
Not only the difference in morphology, size and nucleation density can be recognized on the
differently oriented surfaces but increased nucleation density and decreased crystal size is well
observable. On Fig. 8.5 nucleation free zone on the (100) plane close to the ridge can also be
observable.

Nucleation density

[×109

cm−2 ]

Average crystal size on the grain area
Morphology

(100) Si
47
24 nm after 1,5 hr
32 nm after 3 hr
Cross shape

Poly-Si (300 nm grain size)
45.5
16 nm after 1,5 hr
25 nm after 3 hr
Random

Table 8.1: Comparison of nucleation density and size of SiC NCs grown on single crystal Si and on
poly-Si with 300 nm grain size. Heat treatment was carried out in 105 Pa (100 at.%) CO at 1100◦ C for
1.5 and 3 hours. SiC NC growth on poly-Si with 100 nm grain size is not observable on grain areas only
at the grain boundaries.
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Figure 8.2: SEM image of a (100) Si surface after 20hrs annealing in 5×103 Pa (5 at.%) CO at
1190◦ C. Nucleation around surface contamination and cracks can be seen on the left side.

Figure 8.3: Enlarged SEM image of (100) Si surface after 20hrs annealing in 5×103 Pa (5 at.%) CO
at 1190◦ C from Fig.8.2. Increased nucleation density can be observed at the cracks, with surrounding
nucleation free zones.
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(a)

(b)

Figure 8.4: a) Meeting of (100) and (111) surfaces. b) Meeting of (100) and (110) surfaces. Small
SiC NCs sit at the edges and corners. Samples made in 5×103 Pa (5 at.%) CO, at 1190◦ C for 20hrs.
Orientation dependency of size, morphology and nucleation density mentioned in the previous chapter
is well observable.

8.2

Discussion

In several cases of nucleation in solids it is found that the nucleation sites are not distributed
randomly, but are concentrated at some type of crystal defect. Grain boundaries, dislocations,
stacking faults or interface of previously formed precipitates can be those defects that act as
heterogeneous nucleation sites. The idea is that nucleation barrier is reduced by that proportion
of the defect energy that is consumed by the nucleus as it forms [76].
Based on the work of Fletcher [129] and others [130,131] edges and corners act as nucleation
sites with decreased nucleation barrier as well. Using classical nucleation theory, critical free
energy lowering of embryo formation was estimated to be lower than nucleation at a flat surface.
In the model introduced in Chapter 5 we have a solid solution of Si and carbon containing
species. The nucleation and growth procedure is controlled by the nucleation barrier height,
C and O supersaturation and diffusion in the Si. If the nucleation barrier is lowered by the
presence of grain boundaries, defects, corners or edges, it results higher nucleation density and
smaller crystal size, and this is what we can see on the SEM images on Fig.8.4-8.5.
It is a known phenomenon in metallurgy that regions in the proximity of a grain boundary
are frequently free of precipitates. These precipitate free zones (or PFZ’s) occur for two reasons
[132]:
1. The most common reason for the formation of PFZ’s is that precipitates nucleate heterogeneously on vacancies or dislocations. A grain boundary is a sink for vacancies and
dislocations so that regions adjacent to the boundary are unable to nucleate the precipitates, even though the matrix may be supersaturated with solute.
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Figure 8.5: Meeting of (100) and (110) micromachined surfaces. SiC NCs are collected by the edge
are, a nucleation free zone can be seen on the (100) plane close to the edge. SiC NCs were formed in
5×103 Pa (5 at.%) CO, at 1190◦ C for 20hrs.

2. The grain boundaries themselves are potent heterogeneous nucleation sites. Particles may
nucleate first at these boundaries, thereby removing sufficient solute from the adjacent
matrix. The solute-depleted region in the proximity of the boundary therefore remains
precipitate-free.
In our experiments faster diffusion of carbon in the presence of defects [93, 133] can result
the carbon depletion of the surrounding Si matrix, in the near vicinity of growing nuclei.
Concentration is reduced and the system is locally undersaturated. As a result zones with
reduced and even zero SiC nucleation rate appeared. Nucleation free zone around the defects
in 5×103 Pa (5 at.%) CO is 200-400 nm, in 105 Pa (100 at.%) CO it is estimated to be 30-50
nm from experiments made on poly-Si. This means that poly-Si grains ≤ 100 nm are totally
in a nucleation free zone. This can explain why there is no nucleation on these grains, only at
the grain boundaries.
Diffusion limited growth was observed on the single crystal area as we discussed in Chapter
6. At grain boundary nucleation, especially in case of poly-Si sample with 100 nm grain size, a
very fast non-equilibrium, dendrite-like growth appears. According to the Berg effect [132,134]
growth of dendrites is highly favored in regions of higher supersaturation; the morphological
instability at the growth start is due to a non-uniform supersaturation over the seed surface.
Accordingly the supersaturation is higher at the edges of a finite crystal [132, 134]. Higher
supersaturation and faster carbon diffusion in a defect rich area is possible, and can be non83
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uniform resulting a non-equilibrium dendritic growth. However, in the case of anisotropic
growth favoring certain crystallographic directions, the growth rate can also be affected by the
crystal lattice orientation [135].

8.3

Summary - SiC on defects

• I have shown experimentally that nucleation barrier decrease on poly-Si grain boundaries,
defects and micromachined edges and corners, which result higher nucleation density and
smaller grain size.
• I have shown that on poly-Si grains the average size of the SiC NCs is smaller than on
single-crystal Si and below a poly-Si grain size no nucleation occurs on the grain area,
only at the grain boundaries.
• Grain boundaries and cracks in single crystal Si act as heterogeneous nucleation zones,
with depleted, nucleation free zones around them (200-400 nm in 5×103 Pa (5 at.%) CO
1190◦ C, 30-50 nm in 105 Pa (100 at.%) CO 1100◦ C).
• Nucleation density at poly-Si grain boundaries is in the 1011 cm−2 range with nonequilibrium, dendrite-like NC growth.
• The observed phenomena can be explained by the nucleation and growth model shown
in Chapter. 6.
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Chapter 9

Electrical characterization of CO
annealing
Electrical characterization can help us to identify electrically active defects in CO annealed
systems, even if their concentration is only 1010 cm−2 . Current-voltage and capacitance-voltage
measurements on MOS structures that contain SiC NCs provide us more details about the
formation mechanism.

9.1

Experimental

Si/SiO2 MOS systems with 3C-SiC NCs at the Si side of the Si/SiO2 interface and MOS
systems with embedded 3C-SiC grains in the SiO2 matrix aligned at different distances from
the Si/SiO2 interface have been investigated. The structures were produced by CO annealing
combined with a post-oxidation treatment.
The test structures were formed on (100) oriented p-type Si wafers of 10-15 Ωcm resistivity.
25-100 nm thick SiO2 layers were thermally grown on the substrates at 1000◦ C in dry oxygen.
These structures were used as starting samples, and - without further processing (except of
metallization) - as reference.
The starting samples were heat treated in CO gas at 1000◦ C, 1050◦ C and 1100◦ C for 30
min. This process yields void-free and epitaxial 3C-SiC NCs at the Si side of the Si/SiO2
interface.
The wafers were cut in 10×15 mm2 pieces to establish identical sample conditions for the
next oxidation treatment. The structures were thermally oxidized in dry oxygen at 1000◦ C
for 30 and 60 min. This second step results the formation of isolated SiC NCs in the oxide at
different distances from the Si/SiO2 interface depending on the time of oxidation. The results
of transmission electron microscopy characterization of the isolated SiC NCs were shown in
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9.1. Experimental

Chapter 2 and 3 and also published in details in Ref. [68]. The process parameters of the
investigated samples are summarized in Table 9.1.
The MOS capacitors were fabricated by thermal evaporation of 1 µm thick Al on the front
side and AlSi was sputtered on the back side.
Electrical characterization of the structures was done in dark at room temperature by
current-voltage (I-V) and 1 MHz capacitance-voltage (C-V) techniques.
Leakage current of the MOS capacitors was measured in order to see the effect of the high
temperature annealing process in pure CO gas on the structure. In every case the measured
current is in the 10−12 -10−11 A range. Comparing the results with those obtained for the reference sample (Table 9.1) we find that the insulator layer has not suffered significant persistent
damage.
High frequency capacitance-voltage measurements were carried out on all samples. To
demonstrate typical C-V results the samples prepared at 1100◦ C will be analyzed in details
in this study. The 1 MHz C-V curves of the samples Ref, F10A, F10A1, F10A2 are shown in
Fig. 9.1, their processing parameters are shown in Table 9.1. The capacitance measurement
was started under accumulation conditions and the voltage was increased until depletion and
then driven back to accumulation again. The 30 min CO annealing at 1100◦ C had a significant
effect on sample F10A, where the SiC NCs were formed at the interface. Compared to the
reference sample, large flatband shift to the negative direction can be observed on the C-V
curve of sample F10A. The CO annealing also causes a capacitance hysteresis. The curve is
shifted to the negative direction when driven from hole accumulation conditions and to the
positive direction when driven from electron accumulation conditions. The capacitance shift is
0.22 V and reproducible.
We oxidized our system for 30 min at 1000◦ C (F10A1). The increasing oxide thickness
results in lower capacitance value in accumulation. After this step the hysteresis of the C
V curve slightly decreased (0.18 V) while the flatband significantly shifted back towards the
reference sample. After 60 minutes oxidation (F10A2) we could not observe any hysteresis and
also the flatband voltage returned almost to the position of the reference sample. The same
tendency was observed on all samples.
Sample name
TCO [◦ C]
tCO [min]
tox [min]
Nef f [1010 cm−2 ]
Injected carriers [1010 cm−2 ]

Ref
9.7
-

F8A
1000
30
316
16,3

F9A
1050
30
349
57,9

F10A
1100
30
291
4,0

F10A1
1100
30
30
72
3,7

F10A2
1100
30
60
19
-

Table 9.1: Details of the sample parameters. Nef f is the effective oxide-fixed charge density calculated
from the flatband voltage. The injected carriers are calculated from the capacitance hysteresis.
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Figure 9.1: High frequency C-V curve of the reference sample and sample F10A, F10A1 and F10A2.

In order to investigate the initial part of the SiC nucleation and growth samples have been
prepared at lower CO annealing temperatures. Heat treatments have been performed at 1000◦ C
for 10 min, 20 min and 30 min, sample names are F81, F82 and F83 respectively. Pieces of
sample F83 have been oxidized at 1000◦ C for 30 min, 60 min and 120 min. Sample names are
F831, F832 and F833 respectively. F7 sample is the reference sample, p-type (100) Si with 65
nm thick thermally grown oxide.
The highly sensitive C-V measurement shows the before mentioned trends on these samples,
too. Changes of the interface parameters can be observed even after short time annealing (Fig.
9.2(a) and 9.2(b)), despite the fact that TEM does not find any SiC NC at the interface.

9.2

Defect formation during CO annealing

Two different physical effects of the CO treatment can be separated in our model. In the
previous chapters we have shown that, that CO can diffuse through the oxide fast as a molecule,
then it reacts with Si at the Si/SiO2 interface, forming 3C-SiC crystallites and SiO2 .

CO interaction with SiO2
To interpret the results of the C-V measurements we can suppose that the CO interacts with
the SiO2 network. Fowkes et al. [136] and later Jones et al. [137] investigated Si/SiO2 structures
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Figure 9.2: a)Hysteresis of the CV curve after 10, 20 and 30 min annealing in CO. The hysteresis
window increasing by the annealing time. b) Flatband shift of sample F83 (red line) shows the presence
of positive charges at the interface after annealing in CO, which can be slowly eliminated by a second
oxidation step (green curve).

annealed in CO+CO2 gas mixture at around 900◦ C. The CO is expected to reduce the SiO2 .
They have shown that this process results one specific defect in the SiO2 which is the oxygen
vacancy, predominantly in neutral charge state. At high temperature the electrons can escape
and the oxygen vacancies become positively charged [137]. This positive charge in the SiO2
induces the negative flatband voltage shift of the C-V curve as observed in our experiments.
The effective fixed oxide-charge density (Nef f ) after 30 min CO annealing is approximately the
same at 1000, 1050 and 1100◦ C: 3.16, 3.49 and 2.91×1012 cm−2 , respectively.
Oxidation of the annealed structure for 30 minutes results in a drastic change in the flatband
voltage. The positive charge in the oxide has decreased from 2.8×1012 cm−2 to 7.2×1011 cm−2
in the case of sample F10A1. The theory of oxygen vacancy formation by CO can explain
this phenomenon. As we introduce oxygen into our system, the vacancies are refilled and the
positive charges are eliminated [137]. After 1 hour oxidation the system is almost completely
recovered.
Beside the flatband shift also reported by Fowkes [136], we observe a capacitance hysteresis,
which indicates the injection of carriers in the MOS system with SiC NCs. (Fig.9.3). When
the structure is post-oxidized, the oxidation takes place at the Si/SiO2 interface, hence the SiC
NCs become isolated from the bulk Si. After 30 min oxidation the SiC grains are surrounded
by the SiO2 , 8 nm away from the Si/SiO2 interface. These structures show a shrunk hysteresis
window, as the carriers reach the SiC crystallites through the thicker insulator layer with
smaller probability. After 60 min oxidation the crystallites are isolated by a 15 nm thick oxide
layer from the bulk Si and we observe no carrier trapping.
From the hysteresis window we can estimate the injected charge density variation which
turns out to be about 1010 − 1011 electrons/cm2 , (Table 9.1) showing nice coincidence with
the SiC NC nucleation density, hence a couple of electron trap are connected to a SiC NC.
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Figure 9.3: High frequency C-V curve of sample F9A. The effect of positive oxide charges and carrier
injection can be observed.

We assume that the capacitance hysteresis originates either from charge injection into the SiC
NCs or into the defects at SiC/SiO2 interface.

Defects in Si
I proposed a model where interstitial carbon supersaturation caused the formation of SiC
precipitates. Beside the SiC formation SiOx may also be formed, which co-precipitation with
carbon is supported by various studies [89, 91, 94, 138] and was summarized in Chapter 2.2.6.
Eq. 2.28 and 2.29 shows the possible atomic level interaction during the co-precipitation.
This suggests that defect formation during the dissolution in Si, then in the precipitation
and growth mechanism may not be neglected. If the defects in the near interface region of Si are
electrically charged, then these can contribute to the observed flat-band shift. Oxidation of the
structures would turn this defect- rich Si region into SiO2 , which can explain the elimination
of the flat-band shift. Detailed investigation may need to explore defect formation in Si during
SiC formation.
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9.3

9.3. Summary - Electrical characterization

Summary - Electrical characterization

• Current-voltage measurements show that the insulating properties of the SiO2 layer
haven’t been degraded by CO annealing.
• It is probable that CO annealing creates positively charged oxygen vacancies in the SiO2 ,
which can be eliminated by a post-oxidation treatment.
• I have shown experimentally that it is possible to inject carriers into the SiC containing
MOS structures. The number of the injected carriers is in the 1010 − 1011 cm−2 range.
The hysteresis window in the samples is 0.22-0.67 V and can be tuned by the process
parameters.
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The major conclusions of my Ph.D. work are summarized in the following thesis points.
1. I found for the formation mechanism of SiC nanocrystals (NCs) in isotopically labeled
13 C18 O [T1,T2], that
(a)

13 C

and 18 O accumulates at the SiO2 /Si interface at 1100◦ C. The amount of 13 C is
proportional to CO gas pressure and the annealing time. These results are proved
experimentally by isotopic tracing using SIMS and NRA.

(b) Applying the Deal-Groove theory to the diffusion and reaction processes of CO
molecules in SiO2 /Si, I calculated the parabolic and linear constants (kp = 3.9 ±
1.0 × 10−16 cm2 /s and kl = 1.3 ± 0.2 × 10−11 cm/s) and estimated the CO diffusion
coefficient in amorphous silica at 1100o C (DCO = 1.8 × 10−9 cm2 /s).
(c) SiC NC growth is not possible at the Si3 N4 /Si interface as Si3 N4 is a diffusion barrier
against CO, therefore selective growth of SiC NCs can be achieved by masking Si
by Si3 N4 .
2. I found that for nucleation and growth of SiC NCs in 5×103 Pa (5 at.%) and 105 Pa
(100 at.%) CO [T3,T10]
(a) nucleation density of SiC NCs increases with CO concentration (from 4×109 cm−2
to 4×1010 cm−2 by increasing the CO concentration from 5×103 Pa (5 at.%) to 105
Pa (100 at.%)) and CO pressure. Annealing a SiO2 /Si structure in 105 Pa (100
at.%) CO at 1100o C for 6 hours results a continuous polycrystalline SiC layer.
(b) lateral dimension of SiC NC is proportional to the square root of time based on
microscopy studies. This implies that lateral growth is limited by diffusion and the
carbon diffusion in Si might be the limiting process.
(c) grain boundaries and cracks in single crystal Si act as heterogeneous nucleation
zones, with depleted, nucleation free zones around them (200-400 nm in 5×103 Pa
(5 at.%) CO 1190o C, 30-50 nm in 105 Pa (100 at.%) CO 1100o C).
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(d) I proposed a nucleation model, which can explain the pre-nucleation time, the relatively large size of the critical nucleus, the increasing nucleation density and decreasing critical nucleus size with increasing CO pressure.
3. I demonstrated experimentally that nucleation density, size and morphology strongly depends on the orientation of the Si substrate in 5×103 Pa (5 at.%) CO [T5,T6,T7,T8,T11].
(a) The SiC nucleation density on (110) is four times higher than on (100) and (111)
surfaces. Nucleation density is not proportional to the Si/SiO2 available bond density or interface state density. The smallest crystal size was obtained on the (110)
plane. According to my experiments SiC formed on the (110) surface has the lowest
formation energy resulting the smallest critical nucleation size and higher nucleation
density.
(b) I proposed that morphology of nc-SiC was governed by crystal symmetry and elastic
stress. Fourfold, rectangular and hexagonal symmetry of the Si substrate defines the
shape on (100), (110) and (111) surfaces respectively. Convex equilibrium shapes
on (100) and (111) surfaces suggest that elastic energy contribution is remarkable
in the shape definition.
4. I found for the electrical parameters of MOS structures with SiC NCs [T4,T9], that
(a) CO annealing does not affect the insulating properties of the SiO2 layer according
to C-V measurements.
(b) negative flatband shift appears up to several volts after CO annealing by C-V measurements caused most likely by positively charged oxygen vacancies in the SiO2 ,
which I successfully eliminated by a post-oxidation treatment.
(c) it is possible to inject carriers into the SiO2 isolated SiC NCs in the dielectric layer of
MOS structures created by post-oxidation step. The number of the injected carriers
is in the 1010 -1011 cm−2 range, the hysteresis window in the samples is 0.22-0.67 V
and can be tuned by the process parameters.
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and Technical Lap és könyvkiadó Kft., Budapest, 2003).
[113] D. J. Eaglesham, A. E. White, L. C. Feldman, N. Moriya, and D. C. Jacobson, Phys. Rev. Lett. 70, 1643
(1993).
[114] J. H. Wilson, J. D. Todd, and A. P. Sutton, Journal of Physics: Condensed Matter 2, 10259 (1990).
[115] G. H. Gilmer and A. F. Bakker, Mater. Res. Soc. Symp. Proc. 209, 135 (1991).
[116] A. A. Stekolnikov, J. Furthmüller, and F. Bechstedt, Phys. Rev. B 65, 115318 (2002).
[117] T.-Y. Zhang, M. Luo, and W. K. Chan, Journal of Applied Physics 103, 104308 (2008).
[118] A. Karmous, I. Berbezier, and A. Ronda, Physical Review B 73, 075323 (2006).
[119] http://www.memsnet.org/material/polysiliconbulk/ and references therein .
[120] http://www.memsnet.org/material/siliconcarbidesicbulk/ and references therein .
[121] E. Vazsonyi, M. Adam, C. Ducso, Z. Vizvary, A. Toth, and I. Barsony, Sensors and Actuators A: Physical
123-124, 620 (2005).
[122] H. Ibach, Physics of Surfaces and Interfaces (Springer-Verlag, Berlin, 2006).
[123] E. A. Brener, S. V. Iordanskii, and V. I. Marchenko, Phys. Rev. Lett. 82, 1506 (1999).
[124] Z. C. Feng, A. J. Mascarenhas, W. J. Choyke, and J. A. Powell, Journal of Applied Physics 64, 3176
(1988).
[125] J. R. Ligenza, J. Phys. Chem 65, 2011 (1961).
[126] B. E. Deal, M. Sklar, A. S. Grove, and E. H. Snow, J. Electrochem. Soc 114, 266 (1967).
[127] J. L. Ngau, P. B. Griffin, and J. D. Plummer, J. Electrochem. Soc 149, F98 (2002).
[128] R. Wu, B. Li, M. Gao, J. Chen, Q. Zhu, and Y. Pan, Nanotechnology 19, 335602 (2008).
[129] N. H. Fletcher, Australian Journal of Physics 13, 408 (1960).

101

Bibliography
[130] D. Veeraraghavan, P. Wang, and V. K. Vasudevan, Acta Materialia 51, 1721 (2003).
[131] W. Huang and M. Hillert, Metallurgical and Materials Transactions A 27, 480 (1996).
[132] R. Nandan, T. DebRoy, and H. Bhadeshia, Progress in Materials Science 53, 980 (2008).
[133] E. Lampin, V. Senez, and A. Claverie, Journal of Applied Physics 85, 8137 (1999).
[134] W. F. Berg, Proc. R. Soc. A 164, 79 (1938).
[135] J. T. Sadowski, G. Sazaki, S. Nishikata, A. Al-Mahboob, Y. Fujikawa, K. Nakajima, R. M. Tromp, and
T. Sakurai, Physical Review Letters 98, 046104 (2007).
[136] F. M. Fowkes and D. W. Hess, Applied Physics Letters 22, 377 (1973).
[137] C. E. Jones and D. Embree, Journal of Applied Physics 47, 5365 (1976).
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