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Introduction
If, in some cataclysm, all of scientific knowledge were to be destroyed, and only one sentence passed on the next generations of creatures, what statement would contain the most
information in the fewest words? I believe it is the atomic hypothesis (or the atomic fact,
or whatever you wish to call it) that all things are made of atoms–little particles that move
around in perpetual motion, attracting each other when they are a little distance apart, but
repelling upon being squeezed into one another. In that one sentence, you will see, there
is an enormous amount of information about the world, if just a little imagination and
thinking are applied.
R. P. Feynman: Lecture Notes on Physics

In the beginning of the 20th century a revolutionary new theory emerged in physics, namely
quantum mechanics. Quickly after the mathematical apparatus had developed by Schrödinger,
Dirac, Neumann and others the new theory was applied to multi-electronic atoms and to
polyatomic systems1 . Due to the many-body nature of these problems it is impossible to exactly
solve the equations2 describing the system. It was obvious, that proper approximations and
numerical methods, concerning only relevant properties, had to be developed in order to carry
out practical calculations. With the advent of supercomputers and efficient parallel simulation
codes the initial computational difficulties somewhat diminished, however, calculations still
have serious limits. State-of-the-art parallel ab initio codes, at the time of my thesis work,
could handle a maximum of around 10 000 atoms.
Over the years two different approaches have been developed to solve the electronic problem, namely Hartree-Fock method and density functional theory. Methods based on the latter
have brought a new era in quantum chemical calculations by significantly speeding up simulations and thus, made computational methods a useful tool for practical theory. Understanding
the nature at atomic level makes possible to design new types of materials from the bottom-up.
This is what several decades later, in the beginning of the 21th century, nanotechnology aims at.
Electronic structure calculations play an important role in this new science, e.g., drugs can be
1
2

molecules (Heitler, London) and solids (Bloch)
not to mention the enormous number of particles in case of solids
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tested, features of new materials can be calculated in a computer without real experiments and
thereby notably lowering research costs or resource needs. In solid state physics computer simulations became important methods for defect engineering in semiconductors. Semiconductor
crystals are one of the most perfect materials: a suitable playground for materials engineering
at the level of atoms. The miniature semiconductor devices operate on principles, which are
based on the tight control of charge carriers. In technology this is achieved by area-selective
doping of the material. However, the effect of the dopants on the concentration and lifetime of
carriers is very much influenced by their position in the atomic lattice, and particularly by their
interaction with other dopants, impurities, and crystal defects. The effect of atomic deviations
in the material show up in the operation of devices, yet the real origin of the effect can only be
deduced by the combined work of various spectroscopic methods and atomistic simulations.
The thesis has the following parts: in the first introductory chapter silicon carbide, the
subject of my investigations, is discussed. After that, in the first part, calculational methods
will be introduced. In the second part I shall present my results divided into four chapters
according to my research topics:
• Doping of phosphorus in chemical-vapor-deposited silicon carbide layers (p. 38)
• Aluminum-related defects in 4H -SiC (p. 45)
• Small silicon clusters in 4H -SiC (p. 59)
• Nitrogen passivation of traps at the SiC/SiO2 interface (p. 74).
The condensed summary of my results presented in this thesis work, the thesis points, can be
found at p. 87 . Finally, I give an outlook and a closing summary at p. 93 .
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Chapter 1

Silicon carbide
Silicon carbide (SiC) possesses many favorable properties making it interesting for high-temperature, high-frequency and high-power applications. More specifically, these properties are:
wide bandgap, high thermal conductivity (better than copper at room temperature), high
breakdown electric field strength (approximately 10 times that of Si), high saturated drift
velocity (higher than GaAs), high thermal stability and chemical inertness. Furthermore, it
has silicon dioxide (SiO2 ) as its native oxide with an abrupt interface, which is needed for
SiC-based power metal-oxide-semiconductor (MOS or MOSFET) devices.
According to material properties diamond would be the perfect candidate for wide band
gap applications (see Table 1.1), but single crystal growth of diamond in sufficient sizes and
n-type doping have serious technical difficulties. Compared to diamond, silicon carbide has
never been in the focus of attention due to the almost total absence of SiC crystals in nature.
Natural SiC is known to occur and has been found in a meteorite by Moissan in 1893 after

Property
Band gap width [eV]
Melting point

[◦ C]

Breakdown field [×105 V/cm]
Saturated electron drift vel.
Thermal conduction [W/cmK]

[×107 cm/s]

Si

GaAs

4H -SiC

GaN Diamond

1.12

1.42

3.27

3.45

5.45

1420

1240

2830

2500

4000

6

6

30

50

100

1.0

0.8

2.0

2.2

2.7

1.5

0.5

4.9

1.3

20

Table 1.1. Comparison of properties important for high-temperature, high-frequency and highpower applications for some relevant semiconductor materials and for the diamond. For technological applications 4H -SiC is the most suitable polytypes (see later) of SiC because of its wide
band gap and high bulk electron mobility. Values are given in units that are traditionally still in
use in microelectronics and in materials science.
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whom the material was named in 1905. Silicon carbide, for the first time, was manufactured by
Edward Goodrich Acheson around the same time of its natural discovery. He also developed the
electric batch furnace by which SiC is still made. One of the most important property of SiC
is the wide band gap which is the result of the strong covalent bonds between the carbon and
silicon atoms. This rigid1 structure also means better corrosion and radiation resistance than
usual semiconductors or even metals. Favorable mechanical properties (hardness, abrasionresistance, high Young-modulus or low friction coefficient) make SiC also a good material for
applications other2 than electronics.
Its practical significance increased after a breakthrough in single crystal SiC growth had
been achieved in the beginning of the 80’s [1,2]. Additionally, in 2004 a method was developed
to produce ultrahigh-quality, virtually dislocation-free, SiC single crystals [3]. Since high-purity
single crystals of SiC can be produced efficiently it has become the most promising material for
high-temperature and high-power electronic applications. Basically, the aim of SiC technology
is to produce cheaper, more compact or durable and more efficient devices. When Schottkydiode-based power switches were introduced successfully to the market, only about ten years
after good quality 2 inch wafers had become commercially available, the position of SiC in power
electronics seemed more than promising. However, the presence of carbon, in contrast with
pure silicon (Si) crystal, introduces a number of problems which require changes in processing
technology and additional materials science knowledge. Indeed, SiC-based MOS devices, at
the time of my thesis work, still did not work reliably.
In order to achieve the desired semiconductor behavior the SiC crystal has to be doped.
Apparently, n-, or p-type dopants are introduced in a controlled way into the crystal to form
shallow donor or acceptor levels in the gap, respectively. In contrast with the routinely applied
doping method of Si technology, SiC cannot be efficiently doped by diffusion3 . The strong
covalent bonds between carbon and silicon atoms, on the one hand, mean superior bulk properties but, on the other hand, prevent dopant diffusion. Beside implantation in-growth doping
is one of the practical methods of SiC doping. One of the most common techniques is chemical vapor deposition (CVD) growth, in which dopant containing gases are introduced into the
growth chamber. The most typical dopant precursors for p-type doping are trimetilaluminum
(TMA) and diboran (B2 H6 ), while for n-type doping are nitrogen (N2 ) and phosphine (PH3 ).
Doping concentrations, as well as reproducibility were greatly enhanced by the discovery of
site-selective epitaxy. The idea is to vary the C/Si ratio in the gas chamber through precursor
concentrations in order to favor the incorporation of dopants. Essentially, the relative ratio of
carbon and silicon vacancies are varied by the C/Si ratio. With the help of this technique donor
concentration range between 1 · 1014 cm−3 and 5 · 1019 cm−3 can be achieved, which allowed
1

The Mohs scale index of SiC is 8.5-9.0.
Disc brakes and clutch made of SiC are used on some sport cars, e.g., Porsche Carrera GT.
3
with the exception of boron
2
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the development of, e.g., the first multi-kilovolt rectifier [4] or high temperature junction gate
field-effect transistors (JFET) [5].
Phosphorus (P) is one of the common n-type dopants of SiC. Theoretical calculations predicted that the solubility of the shallow phosphorus donor can reach the 1021 cm−3 range
limit for high temperature growth [6]. However, experimental findings showed that the maximum measured concentration of phosphorus donors was at about 1017 cm−3 in physical vapor
transport (PVT) growth [7]. It was found, that the maximum carrier concentration did not
exceed 1017 cm−3 for any set of growth conditions. Morever, the P-donor concentration did
not show clear site-competition effect according to the site-selective epitaxy growth. It was
speculated that hydrogen can influence the site selection of phosphorus as in the case of boron,
thus explaining the unexpected behavior of phosphorus donors [8]. With ab initio calculations
I investigated various P-related defects in order to explain the strange behavior of P-donors
under CVD growth.
After-growth doping4 can be performed effectively only by implantation, in which dopants
are projectiled into the semiconductor. Implantation, however, exhibits no concrete doping
limits due to its operational principle. Although, at a very high level of implantation the
crystal lattice can be irreversibly damaged. During the technological steps of doping various
crystal defects are created. These defects are usually possessing deep levels in the band gap and
act as electron or hole traps, thus hindering the desired concentration of free charge carriers.
There are four possible routes how defects can reduce the carrier concentration:
• passivation: electrically active defect complexes are created involving the dopants, thus
lowering their concentration, e.g., in case of the above mentioned CVD growth P-donors
can be passivated by the hydrogen
• compensation: contaminant atoms (e.g., from the precursors) create shallow donor or
deep levels, thus the majority and minority carrier concentrations will not match to the
desired doping level
• carrier trap: electrically active defect complexes are created with deep levels in the band
gap, which act as electron or hole traps (usually occurring in implantation)
• site-competition: it is possible, that for a vacancy it is energetically more favorable to
recombine with a contaminant atom than with a dopant, thus also lowering the active
donor or acceptor concentrations in CVD growth.
A subsequent heat treatment or annealing is utilized after the doping in order to transform or
diminish malicious traps and restore the desired doping level by activating the dopants, e.g.,
in the case of the silicon, where implantation is the standard method for phosphorus doping,
a subsequent annealing results an almost perfect activation of dopants. However, in the case
4

With the exception of boron, which can be used for diffusion doping.
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of SiC, implantation produces severe lattice damages, which usually cannot be recovered by
heat treatments. As a consequence, defect traps, that adversely influence the carrier concentration, can still remain thereafter. It is of high importance to study the role of these defects
by electronic structure calculations that can provide results on specific defect models for experimentalists in order to identify unknown defect centers. Experimental measurements can
reveal the traces of defect centers but, generally, cannot identify the exact source of them.
Electronic structure calculations of defect models, on the other hand, can investigate exact
structures at atomic level and provide important results, which can significantly contribute to
the identification of the unknown defect centers.
Aluminum (Al) is one of the common p-type shallow acceptor [9] dopants of SiC. It is introduced into the crystal by implantation. Experimental measurements like deep level transient
and electron paramagnetic resonance spectroscopy revealed several shallow and deep aluminum
related centers [10–12] even after annealing at high temperature (1700 ◦ C) [13]. In irradiated
SiC carbon interstitials, which are mobile species in SiC, are also created. Theoretical calculations showed that aggregation of carbon and boron interstitials are, indeed, a very feasible
processes [14, 15]. Similar complex formation of aluminum and carbon self-interstitials can
occur in Al-implanted SiC, therefore, I investigated the complexes of aluminum with carbon
interstitial(s) or with a carbon vacancy in 4H -SiC in order to explain the origin of the possible
Al-related centers.
During implantation, besides carbon interstitials, silicon interstitials are also created. Experimental findings and theoretical calculations [16] showed that silicon interstitials play an
important role in implanted or irradiated SiC. Photoluminescence measurements showed that
there are silicon related defects even after annealing. Among which the most important and
disputed defects are the alphabet lines [17, 18] and the DI center [17, 19–24]. I studied the isolated silicon interstitial, as well as small clusters of silicon and carbon interstitials in 4H -SiC in
order to clear the role of silicon-related clusters in implanted SiC.
Silicon carbide possesses the great advantage of having silicon dioxide (SiO2 ) as its native
oxide, that is essential for SiC-based MOS and MOSFET devices. Unfortunately, the usual
thermal oxidation produces an unacceptably high density of interface states. Deep states are
assumed to be caused by carbon excess at the interface, while the slow electron traps called
NITs (near interface traps) are expected to originate from oxide defects near the interface.
Simple hydrogen passivation does not help to reduce the high trap density [25] as in the case
of silicon. Substantial improvement, however, can be achieved by nitridation, either through
oxidation [26–28] or post-annealing [27–32] in the presence of nitrogen (N). Previous theoretical
investigations showed that the dominant part of the interface trap density originates from
carbon related defects [33, 34] at the interface. I investigated the nitrogen passivation of traps
at the SiC/SiO2 interface in order to elucidate the effect of atomic N and the NO molecule on
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the interface defects and to describe the possible reaction mechanisms of nitrogen passivation
in n-type 4H -SiC.

1.1

Crystal structure of silicon carbide

a2

bilayer

The elementary building block of the silicon carbide crystal is a covalently bonded tetrahedron
structure of carbon (C) and silicon (Si) atoms as depicted in Figure 1.1 (a). Every SiC crystal
can be described by superimposed hexagonal crystal bilayers or double layers, compare subfigures in Figure 1.1 . The basis vectors of the hexagonal unit cell are a1 = (1 ; 0 ; 0) × a and
√
a2 = (0.5 ; 3/2 ; 0) × a , where a = 3.078 Å (average value), see in Figure 1.1 (b). The third
basis vector is c = (0 ; 0 ; 1) × c in the direction of the c-axis, where c is integer times of
2.52 Å.
One of the most interesting properties of silicon carbide is that it exists in many different
polytypes. This property can be defined as the ability to crystallize in several different crystal
structures by varying the packing layout of the same 2-dimensional unit cell in the direction of
the c-axis. The only difference comes from the superposition of the Si-C bilayers. These Si-C
bilayers, which consist of the 2-dimensional hexagonal unit cells, vary in the third dimension
according to the series of ABA or ABC packing layouts and build up a hexagonal-closed packed
(hcp) or a face-centered cubic (fcc) structure, respectively, see Figure 1.2 . As a consequence,
different polytypes can belong to different lattice types and space groups. It is known from the
beginning of the 20th century that silicon carbide has several polytypes [35, 36]. So far more
than 250 SiC polytypes have been recognized [37]. Strictly speaking, silicon carbide means a

c-axis

c

a1

Si
(a) Ball & stick illustration of
the basic SiC tetrahedron

c-axis
(b) The possible packing sequences are sketched
schematically in a plane perpendicular to the c-axis.
Symbols assigned to A, B and C letters represent Si
and C atoms in bilayers of the successive hexagonal
planes.

Figure 1.1. Illustration of the SiC tetrahedron and the packing layout of SiC bilayers.
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c-axis

k1
k2

A

B

k

h

k

h

k2

h

k

k

k1

h

k

h

h

A

2H

B

A

C

B

C

A

B

4H

3C

C

A

6H

Figure 1.2. Illustration of the primitive cells of important polytypes of SiC. It has to be noted,
that in 3C -SiC, due its high Td symmetry, the primitive cell contains only two atoms.

Ramsdell

Jagodzinski

ABC

Hexagonality

Symmetry

3C

kkk

ABC

0%

Td

2H

hh

AB

100%

C6v

4H

khkh

ABAC

50%

C6v

6H

hkkhkk

ABCACB

33%

C6v

Table 1.2. Notational systems for SiC polytypes

family of different polytypes. Polytypism considerably influences the electronic properties of
SiC. The most obvious and important attribute from the viewpoint of defect calculations is the
size of the band gap that widens from 2.4 eV (3C -SiC) to 3.3 eV (2H -SiC).

1.1.1

Description of SiC polytypes

There are three common notational systems, that are used to describe polytypes of SiC: notation of Ramsdell [38], notation of Jagodzinski [39], also known as Wyckoff [40] or Pauling
notation and the ABC description. The Ramsdell notation consists of a number followed by a
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a[Å]

2c
na

number of
basis atoms

band gap
width [eV]

conduction
band
minimum

2

2.417d

X

4

3.330e

K
M
M-L

3C

4.3585 (3.0819)a

2H

3.0791b

4H

3.0805c

1.6369

8

3.265f

6H

3.0813c

1.6356

12

3.023f

1.6411

Table 1.3. Crystal and band properties of the most important SiC polytypes. In order to help
comparison with the hexagonal types I indicated the second-neighbor distance in the case of 3C SiC. In the third column 2c/na indirectly means the c distance and n is the number of double
layers. a [41] b [42] c [43] d [44] e [45] f [46]

letter. The number means the number5 of the Si-C bilayers in the primitive cell, see in Figure
1.2 and in Table 1.2 . The letter can be H, R or C according to hexagonal, rhombohedral and
cubic lattice types, respectively. In my calculations I used 4H -SiC that is a hexagonal polytype
with 4 double layers and its primitive cell contains 8 atoms. Jagodzinski described the packing
layout of double layers. The symbol for a double layer is determined by the orientation of other
double layers above and below of it. If the orientation of the preceeding and proceeding layer
is the same, then the symbol h is used, referring to a hexagonal structure, if the orientation
differs, then the structure is cubic and symbol k is used. I summarized the various notational
systems for the most important polytypes of SiC in Table 1.2 and I illustrated the corresponding packing layouts in Figure 1.2 . Polytypes can also be classified by the hexagonality (hp),
which is defined as the percent of hexagonal double layers in the unit cell: hp = nh /(nk + nh ),
see in Table 1.2 .

1.1.2

Electronic structure of SiC

Different polytypes differ only in the stacking of double layers, however, this affects all electronic and optical properties of the crystal. All polytypes are extremely hard, very inert and
have a high thermal conductivity. Properties, such as the breakdown electric field strength, the
saturated drift velocity or impurity ionization energies, are all specific for the different polytypes. In the case of 4H -SiC, the breakdown electric field strength is an order of magnitude
higher than that of Si and the saturated drift velocity of electrons is even higher than that of
GaAs, see in Table 1.1 and in Table 1.3 . As I mentioned before, band gaps of the different
polytypes range between 2.42 eV for 3C -SiC and 3.33 eV for the 2H -SiC polytype. From
the viewpoint of applications the important polytypes are the 3C and the 6H and 4H. The
5

In 3C -SiC the primitive cell contains only two atoms due to the Td symmetry.
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kz

Energy (eV)

L
Α

H

Δ

kx

Γ

Σ

K

M
M

ky

Γ

(a) The M − Γ part of the calculated band
structure of 4H -SiC

(b) The Brillouin zone of 4H -SiC

Figure 1.3. Illustrative picture of the indirect gap (a) of the calculated band structure and
the Brillouin zone (b) of 4H -SiC(left). It can be seen, that the pure LDA calculation greatly
underestimates the band gap. The calculated LDA band gap of 4H -SiC is 2.0 eV, while the
experimental value is 3.3 eV.

latter two can be grown conveniently, but for calculations the 3C polytype is favorable, because it has the most simple structure with the highest symmetry, therefore simulations in this
polytype have the shortest simulation times. Nevertheless, at the time of my thesis work the
computational capacity of supercomputers allowed to perform simulations in 4H -SiC without
any difficulties. Unlike 3C -SiC, 4H -SiC has two non-equivalent positions for carbon and silicon
atoms according to hexagonal (h) and cubic (k ) bilayers. Properties and electronic structure of
defects may vary depending on the two different places. This is called site-dependency. Polytypes with hexagonal crystal structure have hexagonal Brillouin zone (BZ). In Figure 1.3 (a) I
show the most important points in the hexagonal Brillouin zone, as well as the M − Γ section
of the calculated band structure of 4H -SiC. Silicon carbide is an indirect semiconductor, in
4H -SiC the conduction band minimum is at the M point, while the valence band maximum is
at the Γ point of the BZ. Carbon and silicon atoms are bonded by sp3 hybrid covalent bonds.
Due to the higher electronegativity of carbon atoms, bonds are slightly negatively polarized
toward carbon atoms.

1.2

Measurement methods

Identification of crystal defects is a complex and laborious task. Results from measurements
and from theoretical calculation has to be carefully compared in order to exactly identify
a defect. Usually, in measurements the exact structure of the source is unknown. Signals,
related to unrevealed defects, are called defect centers. Simulations, by contrast, are dealing
with structures of well defined models, that are called defect models. In this section I shall
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briefly summarize those experimental methods, providing data that can be directly or indirectly
compared with results of the calculations.

1.2.1

Optical methods

Optical methods are able to determine the vertical excitation and ionization energies of a
defect, that can be well approximated by the energy difference of single-particle levels. In
a photoluminescence measurement the sample is excited by photons. The photon excitation
brings the system from its equilibrium ground state to a non-equilibrium excited state. After
the excitation the system returns to a lower energy state accompanied by the emission of a
photon. Usually, the period between the absorption and the emission is very short, in the
order of 10 nanoseconds. Photoluminescence is an important technique for measuring the
purity and crystalline quality of semiconductors. One of the variations of photoluminescence
measurements is the photoluminescence excitation (PLE) measurement. In PLE measurements
the intensity of the emitted photon at a fixed energy versus the excitation photon energy is
measured. If the energy distribution of the emission at fixed energy excitation is measured,
then it is called the photoluminescence (PL) spectrum.
In case of a crystal defect ionization usually means intrinsic ionization, i.e., initial and final
states are the band edges, e.g., the PLE spectrum of a defect with neutral ground state reflects
energy levels of the neutral state, while its PL spectrum shows the energy levels of the charged
states. I compared the different measurement methods in Figure 1.4 .

1.2.2

Deep level transient spectroscopy

Deep level transient spectroscopy (DLTS) is one of the powerful methods to study electrically
active defects (traps) in semiconductors. DLTS and admittance spectroscopy (AS) measure
the adiabatic ionization energy. During these processes the system has enough time, unlike in
PL measurements, to relax and reach the equilibrium of the excited state, see Figure 1.4 . The
energy difference can be calculated from the total energy of the initial and final sates. DLTS
is used in one of the two modes of operation, with Schottky diodes or MOS transistor. Due
to the depletion region of the semiconductor these devices act as capacitors. The capacitance
of the capacitor can be changed by a bias pulse that charges crystal defects. Basically, the
Fermi level is moved by the bias pulse. In the case of Schottky diodes, majority carrier traps
are observed by the application of a reverse bias pulse, whereas minority carrier traps can be
observed by the application of a forward bias pulse.
If the Fermi level (EF ) sinks under an occupied defect level, then ionization will occur and
the charge state of the defect changes, resulting in different capacity of the Schottky diode.
That particular value of the Fermi level (EF∗ ) is called the occupation level of the defect. The
(q1/q2 ) occupation level can be calculated from the equality of the formation energy of q1 and
q1
q2
q2 charge states, i.e., Eform
= Eform
. Formation energy of the qi charge state can be computed
11
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from the total energy, the chemical potentials of the atoms constituting of the system and
the Fermi level (n means the number of atoms in the system and X denotes the symbol of a
corresponding dopant atom in SiC):
qi
qi
Eform
= Etotal
− µSi nSi − µC nC − µX nX + qi EF .

(1.1)

When there is no change in the number of atoms and only the charge state of the corresponding
defects vary, then this equation can be simplified to the following basic form:
q1
q2
Etotal
− Etotal
+ (q1 − q2 )EF∗ = 0

⇒

EF∗ =

q1
q2
Etotal
− Etotal
.
(q2 − q1 )

(1.2)

Energy

From electronic structure calculations formation energies and then occupation levels can be
determined. Results from DLTS measurements can be directly compared to the calculated
occupation levels.

PL

PLE

C1

C2

DLTS

Configurations

Figure 1.4. Illustration of PL, PLE and DLTS measurements on
a configuration stability diagram. The ground state of the system
is at C1 , while at C2 it is in an excited (ionized) state. Curves are
symbolic representations of the potential energy surface or PES
(see later).

1.2.3

Electron paramagnetic resonance

Electron paramagnetic resonance (EPR) spectroscopy is a technique for studying chemical
species that have one or more unpaired electrons. Thus EPR can detect defects possessing
non-zero spins. The basic physical concepts of EPR are analogous to those of nuclear magnetic
12
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resonance (NMR). Due to the external magnetic field there is a split in the electronic levels
which can be used to calculate the giromagnetic tensor. Moreover in atoms with non-zero
nuclear spin the hyperfine distribution of the spectrum provides additional information about
the properties of the wavefunction. EPR cannot directly determine the atom type. However,
by using a radio frequency scanning that can induce transitions between nuclear Zeeman-levels
the identification of the atom type becomes possible. This technique is called the ENDOR
(electron nuclear double resonance) method. In this measurement the EPR transient signal
caused by the radio frequency excitation (because the nuclear spin and the electron spin are
coupled by the hypefine interaction) is specific to the atom type. In my calculations I did not
calculate hyperfine constants for defects with non-zero spin, however, I will mention some EPR
results, which are relevant for the investigated defects.
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Chapter 2

Modeling of solids
It is well known, that the structure of a perfect crystal can be described by lattice vectors and
basis atoms (basis) in the primitive cell. Periodically repeating the basis with a vector, which
is the sum of integer times of the lattice vectors, the infinite crystal can be constructed. Furthermore, due to symmetries, usual band structure calculations can be done in the irreducible
Brillouin zone.
Interesting phenomena usually involve atomic processes in the bulk or at the interface.
Modeling such atomic processes is a difficult task, because even when a single point defect (e.g.,
vacancy) is introduced into the perfect crystal the translational symmetry is completely lost.
Thus, reciprocal space calculations developed for prefect crystals cannot be used, and all atoms
and electrons would have to be treated explicitly. Crystal defects, presumably, involve only
spatially well-localized electron states. Thus it is a plausible idea to cut out a reasonably large
region, called cluster or cell, of the crystal and consider just this part of the system explicitly.
The typical spatial range of the perturbation caused by a point defect is between 2500 and
25 000 atoms. Ideal clusters would be so large, that defects in subsequent cells do not interact
with each other. This means, that at the boundaries of the clusters wavefunctions localized
around the defect do not overlap, as well as perturbed charge densities and atomic postions
are the same as they are at the boundaries of the perfect crystal. Usual ab initio simulations,
at the time of my thesis work, allowed maximum cluster sizes around few thousand atoms1 .
In the following sections I shall introduce the modeling method, which was applied to model
crystal defects in the simulations. There are different approaches2 aiming at the modeling of
crystal clusters. The main difference between them, basically, is how they treat or terminate
1

Calculations invloving such large clusters are indeed very demanding, e.g., one self-consistent iteration step
of a 1944-atom SiC cluster with a plain wave code (VASP) needed around 20 hours with more than 160 cpu
cores and 2 TB of memory (spin unpolarized case) in 2008 on a very decent Linux cluster. To reach a converged
geometry from a pre-relaxed and embedded structure 8-10 SCF steps were needed.
2
Clusters can be embedded into a background crystal potential. This kind of embedding methods provide
very accurate results but in the same time they are very demanding Green’s function based calculations. The
molecular cluster method (MCM), on the other hand, terminates cluster boundaries by hydrogens or pseudo
atoms. It is a very suitable method for nano cluster calculations.
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cluster boundaries. From the viewpoint of my calculations, the so-called supercell method is
the most important one, which I shall describe in the following section.

2.1

The supercell method

Perfect crystal

Perfect crystal with a defect

Supercell

Figure 2.1. Schematic illustration of the supercell sethod. The crystal region, the supercell
(shaded grey area), perturbed by a defect (middle) is cut out from the crystal. The supercell is
then used as a basis to build up the super crystal (right).

Supercell method (SCM), in short, is the application of the band theory for so-called super
crystals built up by the above mentioned clusters or, in other words, supercells (SC). The region,
the supercell, around the affected area of the crystal is cut out and periodically repeated by
lattice vectors of the super crystal, see Figure 2.1 . An evident advantage of this method that
there are no termination problems at the boundaries due to the periodic boundary condition.
The lattice vectors of the super crystal (Ai ) are integer times of the original lattice vectors of the
perfect crystal (aj ), i.e., Ai = Tij ·aj , where Tij is an integer matrix with linearly independent
columns. Due to this construction, |det (Tij )| is the number of the original primitive cells
applied to build up the supercell, e.g., the primitive cell of 4H -SiC contains 8 atoms, and for
the simulations this cell is expanded by the

4 2 0


T =  −2 2 0 
0 0 1


matrix to form a 96-atom 4H -SiC supercell. This 96-atom supercell was used to model the crystal defects, see Figure 3.1 (left). The model for the 4H -SiC/SiO2 interface is more complicated.
This model has a 2-dimensional slab supercell structure. The generation of interface models
is usually not so simple, because the connection of two different structures, in this case that
of 4H -SiC and SiO2 needs other considerations. I shall discuss the properties of the models in
more detail in the next chapter. An obvious disadvantage, however, is that the resulted super
crystal exhibits artificially high defect concentration, e.g., one defect in a 100-atom SC means
16
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1% of defect concentration, whereas, under typical doping conditions, experimental defect concentrations are in the order of ppm (10−4 %). This is, of course, the result of the not sufficiently
large supercells. Therefore, defects in neighboring supercells will probably interact with each
other causing dispersion in the defect levels. In contrast, bands of an isolated defect are wave
number independent. Therefore, a correction method has to be used in order to determine the
defect levels of an isolated defect.

2.1.1

Special k-points

It is known, that the average of every lattice-periodic function can be calculated by an integral
over the Brillouin zone (BZ). In practical calculations these integrals are approximated by finite
sums of function values at some special k-points, e.g., the charge density (using atomic units)
is estimated in the following way:
Z
X
X
1
n(r) =
ω(kq ) = 1 ,
(2.1)
nk (r) d3 k ≈ ñ(r) =
ω(kq )nkq (r) and
VBZ
q
q
BZ

nk (r) =

X

bi,j (k)φ∗i (r)φj (r)

and

bi,j (k) =

i,j

occupied
X

fλ c∗i,λ (k)cj,λ (k) ,

(2.2)

λ

where the one electron states belonging to the fλ occupation number are
ψkλ (r) =

X

ci,λ (k)φi (r) .

(2.3)

i

For the special kq points, used in the above summation, Chadi and Cohen suggested the
following condition [47]:
X
q

ω(kq ) ·

X

eikq R = 0 ;

m = 1, 2, . . . mmax .

(2.4)

|R|=Rm

In the equation above the ω(kq ) weights are equal to the number of elements of the star3 of
kq . The larger mmax value the sum (2.4) is valid for, the more accurate the approximation of
the function is, here, the approximation of the charge density in (2.1).
An appropriate kq set, which satisfy the Chadi-Cohen condition, can be generated by the
so-called Monkhorst-Pack (MP) scheme [48]. The MP-scheme defines the kq points with a
positive l0 integer parameter. The special k-points are the linear combinations of reciprocal
lattice vectors with coefficients depending on the l0 parameter:
kq = k = up1 b1 + up2 b2 + up3 b3 ,
3

(2.5)

The number of elements of the star of kq is the number of equivalent k yielded by the actual crystal
symmetry.
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where the coefficients are:
upi =

2pi − l0 − 1
2l0

pi = 1, 2, . . . , l0

i = 1, 2, 3 .

(2.6)

As a result, the MP set will contain l03 special k-points with the corresponding ωi = 1/l03 weight
factors. However, due to symmetries there will be equivalent k-points. Therefore calculations
can be performed with only one representative k-point from each group of equivalent k-points.
From the equivalent k-points a reduced set can be constructed, where the corresponding weights
are the sum of weights of the equivalency group elements. This reduced MP set contains the
smallest number of kq points for the l0 parameter and it is called the l0 ×l0 ×l0 or l03 MP-scheme.
Spatial expansion of the primitive cell to a bigger supercell results a reduced Brillouin zone
(RBZ) for the supercell. It is easy to see, that the downscaling is |det (Tij )|−1 . Therefore,
k-points in the original BZ will be projected on a k-point in the RBZ. This can be summarized
as rule of thumb guideline: the larger the supercell is the smaller l0 parameter is sufficient.
However, practical SCM calculations usually use an l0 parameter under 10 . In my calculations,
e.g., I used a 23 MP-scheme in the case of the 96-atom 4H -SiC supercell. For calculations in
a larger, 576-atom supercell I applied only the Γ point, that is a 13 MP-scheme.

2.1.2

Isolated defect levels

Extended crystal states are, usually, well-described by the supercell method. However, due to
small SC sizes, localized defect state energies exhibit dispersion in the k-space. This effect can
be healed by the utilization of larger and larger supercells. Although, computational resource
capabilites set a limit to this scaling method. Therefore, it is necessary to find a correction
method for estimating isolated defect levels from the levels with dispersion. The maximal value
of the dispersion is under 0.5 eV and 0.1 eV in 96-atom and 576-atom calculations, respectively.
Previously, Bálint Aradi developed a tight-binding based retrofit method in order to estimate
isolated defect levels [49]. These investigations showed, that in structures with low symmetry,
like defect aggregates, the calculated defects levels at the k = (1/4, 1/4, 1/4) point yield the best
approximation of the isolated defect levels. Unless stated explicitly, isolated defect levels are
estimated by one-electron levels at this k-point.
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Chapter 3

Computational methods
The properties of matter naturally fall into two categories determined by the electronic ground
state and by the electronic exited states. Ground state of the electrons plays a central role in
electronic structure calculations, because it determines the structure and the low-energy motion
of nuclei. Thus, a lot of effort has been devoted to find robust theoretical and computational
methods to treat the ground state. The challenge for electronic structure theory is to provide
universal methods that accurately describe real systems in nature.
In principle, the full problem of a system containing P nuclei and N electrons is very
complicated. For stationary states1 the H Ψn (R, r) = En Ψn (R, r) Schrödinger equation has to
be solved. This problem is very complicated. Therefore, the usual choice is to resort to a few
reasonable and well-controlled approximations, which encompass a wide variety of problems
of interest. One of the most important approximations is the decoupling of the nuclear and
the electronic degrees of freedom. The time scale (energy scale) associated with the motion of
nuclei is usually much larger (much lower) than that associated with electrons2 . In other words,
electrons can be regarded as they instantaneously follow the motion of nuclei, and they remain
in the same stationary ground state dictated by the electron Hamiltonian (Ĥe ). Based on the
mass difference between nuclei and electrons, Born and Oppenheimer proposed a decoupling
of electronic and nuclear wave functions, that is called the Born-Oppenheimer approximation3 ,
which treats nuclei as classical particles. As a result, mean values can be used for the classical
1

Ψn (R, r) is the total wavefunction with nuclear (R) and electron (r) coordinates.
Typical electronic excitations are in the order of 1 eV, whereas typical nuclear excitations (phonons) are in
the order of 0.01 eV.
3
This estimation contains two considerations. On the one hand, non-radiative transitions between electronic states caused by nuclear motion have to be neglected, thus the total wavefunction can be written in the
Ψ(R, r, t) = Θn (R, t)Φn (R, r) form. In this case of the so-called adiabatic dynamics, electrons remain always in
the same (n) adiabatic ground or excited state, thus the electronic wave function Φn (R, r) contanins the nuclear
coordinates (R) only as parameters. On the other hand, due to the lack of quantum coherence under typical
conditions, the total nuclear wavefunction can be considered as an incoherent superposition of individual nuclear
wave packets. Moreover, nuclear masses are usually large enough that the individual nuclear wave packets are
well-localized. The combination of these two observations propose that, in most cases, nuclei can be treated as
classical particles.
2
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particles in the spirit of the Ehrenfest theorem, e.g., for the nuclear positions hRi = R(t) . The
equation of motion of nuclei within the classical nuclei approximation is the following (MI is
the mass of nuclei):
*
+
∂ Ĥe (R)
∂Vnn (R)
d2 RI (t)
= −∇εn (RI ) = − Φn (R)
Φn (R) −
,
MI
2
dt
∂RI
∂RI

(3.1)

where R represents the classical nuclear configuration. The electron Hamiltonian (Ĥe ) contains
the nuclear coordinates only as parameters, that is:
N
P X
N
N N
X
~2 X 2
ZI
1
e2 X X
2
Ĥe = −
∇i − e
+
2m
|RI − ri |
2
|ri − rj |
i=1

I=1 i=1

Vnn (R) =

(3.2)

i=1 j6=i

P
P
e2 X X ZI ZJ
,
2
|RI − RJ |

(3.3)

I=1 J≤I

where m is the electron mass and e is the electron charge, and ZI is the charge of the nucleus. The numerical integration of the above Newtonian equation of motion is called the ab
initio molecular dynamics. The εn (R) is the nth adiabatic potential energy surface (PES) generated by the electrons. The solution of the stationary problem (∇εn (R) = 0) is the geometry
optimization applied in static calculations. Anyway, in order to obtain εn (R) it is necessary
to solve the time independent Schrödinger equation of the Ĥe electron Hamiltonian. This is
called the electronic structure calculation.
The rigorous description of electrons as fermionic particles would utilize Dirac’s relativistic
equation. However, the spin-spin and spin-orbit interactions are usually neglected4 (or later
re-considered as perturbations) and the non-relativistic Schrödinger equation is solved instead.
Spin dependency is introduced later by independent α and β spin (σ) functions. In practical
calculations the spin coordinate splits equations into two independent group of equations for
up and down spins, respectively.
In the following sections I shall give a short introduction of the two fundamental methods, which are used to solve the electronic problem, namely Hartree-Fock method and density
functional theory. After that, I will summarize the details of my simulations. For the sake of
simplicity in the following sections atomic units5 will be used.
4
5

In light elements, due to the not so large electron velocities, relativistic effects can be neglected.
e=m=~=1
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Hartree-Fock method

In the Hartree-Fock (HF) method the solution of the Ĥe Φ(r) = εn Φ(r) electronic problem is
expressed in the form of a Slater-determinant:

Φ= p

1
(N )!

φ1 (x1 )
φ1 (x2 )
..
.

φ2 (x1 )
φ2 (x2 )
..
.

φ3 (x1 )
φ3 (x2 )
..
.

...
...

φN (x1 )
φN (x2 )
..
.

,

(3.4)

φ1 (xN ) φ2 (xN ) φ3 (xN ) . . . φN (xN )

where xi = rσ i in φj (xi ) is the ith generalized coordinate of spatial and spin variables in the jth
electron orbital. The solution is based on the Ritz-type variational principle, i.e., the variation
of the energy functional, which is the expectation value of the electron Hamiltonian, over the
orbitals is zero when the system is in the ground state. This yields the following Hartree-Fock
equations (HFEs):
ĤHF
where
ViH



1 2
H
X
φi (r) = − ∇ + Vion (r) + Vi (r) + Vi (r) φi (r) = ǫi φi (r) ,
2

N Z
X
nj (r′ )
=
dV ′
|r − r′ |

and

ViX (r)

j6=i

ni (r) = |φi (r)|2

occ Z
X
φ∗j (r′ )φi (r) φj (r) ′
=−
dV ,
|r − r′ |

(3.5)

(3.6)

j6=i

and n(r) =

N
X

ni (r) .

(3.7)

i=1

The first term in ĤHF is the kinetic energy term, the second term is the external Coulombpotential generated by the nuclei (Vion ). The third term is the so-called Hartree-Fock term,
which includes the Hatree-term (V H ), which is the classical Coulomb interaction of the electrons, and the non-local exact exchange term (V X ), which is due to the Pauli exclusion principle. It can be seen that the non-local exchange term is expressed by an integral kernel. The
Hartree-Fock method is a mean-field approximation. The single particles, i.e., electrons are
independent and do not interact directly with each other. Thus a single electron in the system only interacts with the average Coulomb and exchange potential generated by the other
electrons. Thus it is obvious, that the HF approach neglects electron correlation (with the exception of the Pauli exclusion principle) by confining itself to the independent particle picture6 .
Terms in the ĤHF Hamiltonian depend on the wave functions to be calculated, therefore, an
iterative computational scheme has to be used to solve the equations. The basic steps of the
so-called self-consistent field (SCF) iteration scheme are:
6
It is possible to take correlation into account by using more Slater-determinants. However, the scaling of
these methods is prohibitively large even for small systems.
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1. Choose initial7 φin
i (r) wave functions
2. Construct the input electron density nin (r) =

P

i

φin
i (r)

2

and the ViHF (nin (r)) term

3. Solve the Schrödinger equation (ViHF = ViX + ViH ):


1 2
HF
in
out out
− ∇ + Vion (r) + Vi (n (r)) φout
i (r) = εi φi (r)
2
4. Construct the output electron density nout (r) =
5. Compare the input and output electron density:

P

i

φout
i (r)

2

nin (r) − nout (r) < δtol ? ,
and if the electron density difference is under a predefined limit of tolerance (δtol ), then it
is said, that self-consistency is reached and the converged solution is found. If it exceeds
the limit, then the iteration continues from the 2nd step with the output wave functions
out
as initial functions: φin
i (r) := φi (r) . Practical calculations, however, utilize various
mixing methods (see later) of input and output densities to construct the new initial
ones in order to retain or speed up the convergency.
The Kohn-Sham equations, which will be discussed in the density functional theory, show very
much resemblance to these HF equations, and they also require the same iterative self-consistent
solution method.
Of course, practical implementations in simulation codes are much more complicated, but
basically, they reduce the problem to matrix equations of the wave function coefficients. Then
the matrix equations are solved by one of the standard diagonalization methods8 . Even so, the
solution is not easy owing to the resource intensive evaluation of multi-center integrals in the
non-local exchange term (V X ). This is the reason for the O(N 4 ) scaling of the required computation time in standard HF implementations, which is quite unfavorable. Moreover, the lack
of electron correlation implies that the HF method significantly overestimates semiconductor
band gaps. Besides the several post-HF extensions, there is an other approach of the electronic
problem, that somehow try to incorporate the electron correlation, namely density functional
theory.
7

In practice, usually, atomic orbitals are used to initialize the wave functions at the 0th step.
The HFEs are reformulated by expanding electron wave functions on a finite set of basis functions. As a
result algebraic equations of the basis function coefficients, the so-called Hartree-Fock-Roothan equations, are
formulated, see Section 3.4 .
8
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Density functional theory

Methods based on density functional theory (DFT) became the most popular computational
techniques, routinely applied in computational solid state physics, by the formulation of universal expressions for the electron exchange and correlation, which are valid for a wide variety
of materials. Practical implementations of DFT-based methods scale9 with O(N 3 ). This is an
obvious advantage compared to slow HF methods.
Hohenberg and Kohn showed, that the total energy of a system can also be calculated
with the total electron density (n0 = |Φ0 (r)|2 ) but without the knowledge about the electronic
wavefunction. The total energy, which is a functional of the electron density, consists of a
universal functional (F [n]) and an external potential term:
hΦ|ĤDF T |Φi = hΦ|T̂ + V̂ext + Ûee |Φi = EV [n] = F [n] +

Z

n(r)vext (r)dr ,

F [n] = hΦ[n]|T̂ + Ûee |Φ[n]i .

(3.8)
(3.9)

According to their two theorems10 , in the knowledge of the electron density, the full electronic
problem can be solved. To this extent DFT is exact. Provided that the universal F [n] functional
is known, the solution of the full many-body Schrödinger equation for the ground state can be
calculated. Unfortunately F [n] is an unknown functional of the density.
A practical scheme for determining the ground state was devised by Kohn and Sham in
1965 with the introduction of an artificial non-interacting reference system [51] (ĤR ):
ĤR = T̂R + v̂R (r) .

(3.10)

If such a reference system exits, with such a vR (r) reference potential, that the ground state
density of the reference system equals to interacting ground state density, then, in the spirit of
the Hohenberg-Kohn theorems, the two ground state energies have to be the same. Basically,
the idea behind the mapping of the interacting system to a non-interacting one, is that the
kinetic energy can be calculated in the non-interacting case using the wave functions. The
solution of the reference system follows the same way as in the case of the HF method: the
wave function is expressed by a Slater-determinant and single particle orbitals are obtained by
solving the one-electron Schrödinger or in DFT the so-called Kohn-Sham equations (KSEs):
ĤR = ĤKS = −

~2 2
∇ + vR (r) and
2m

9

ĤKS φi (r) = εi φi (r) ,

(3.11)

There are very fast, even O(N ), implementations as well, e.g., in the siesta code [50].
(i) The external potential (vext ) is univocally (besides an additive constant) determined by the electron
density. (ii) The ground state density (n0 ) minimizes the EV [n] functional and thus E0 = EV [n0 ] is the ground
state energy.
10
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where the reference potential is
vR (r) = vext (r) +

Z

δẼXC [n]
n(r′ )
+
,
′
|r − r |
δn(n)

(3.12)

δẼXC [n]
δεXC (n(r))
= εXC (n(r)) + n(r)
,
δn(r)
δn(r)

(3.13)

where vext is the external potential generated by the nuclei. Kohn-Sham eigenvalues (εi ) ab
ovo belong to an artificial system11 , but, as a matter of fact, it is assumed that they are good
approximations12 of the quasi particle energies. Accuracy mainly depends on the approximation
of the crucial ẼXC functional. The reference potential is obtained by the variation of the
following Kohn-Sham and reference total energies:
EKS [n] = TR [n] +

Z

1
n(r)vext (r)dr +
2

EvR [n] = TR [n] +

Z

Z Z

n(r)n(r′ )
drdr′ + ẼXC [n] ,
|r − r′ |

n(r)vR (r)dr ,

(3.14)

(3.15)

where ẼXC is the exchange and correlation energy functional, that contains the kinetic correlations, electron exchange, and corrections for the classic Coulomb interaction (J[n]), that
approximates the Ûee electron-electron interaction term. The ẼXC [n] functional incorporates
all the unknown exchange and correlation effects arising from the electron-electron interactions.
Its exact form is unknown, because it is related with the universal F [n] functional:
F [n] = T [n] + Uee [n] = TR [n] +

Z Z

|

n(r)n(r′ )
drdr′ + (T [n] − TR [n] + Uee [n] − J[n]) . (3.16)
{z
}
|
|r − r′ |
{z
}
Ẽ
[n]
XC

J[n]

Practical calculations divide the total energy into parts, and approximate the various energy
terms one by one. Usually, the ẼXC functional is approximated by a sum of an exchange (EX )
and a correlation (EC ) term in the following generalized form. This is the so-called generalized
gradient approximation (GGA) method in which the gradient or the higher order derivatives
of the density are included with an appropriate FXC enhancement factor:
Z
ẼXC [n] = n(r) εXC [n(r)] FXC [n(r), ∇n(r), ∇2 n(r), . . . ]dr .
(3.17)
11

The Kohn-Sham eigenvalues, according to Janak’s theorem, are defined as the derivatives of the total energy
δE
[52].
with respect to the occupation numbers: ε = δn
i
12
In most cases they are qualitatively good, i.e., gap levels are really gap levels.
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Local density approximation
The simplest approximation for the ẼXC functional is to use the exchange-correlation of the
homogeneous electron gas with the n(r) electron density in (3.17):
LDA
εXC [n(r)] = εLDA
(n(r)) + εLDA
(n(r))
XC (n(r)) = εX
C

and FXC = 1 .

(3.18)

This is the so-called local density approximation (LDA). Even though, being a rough approximation, LDA gives surprisingly good results in many cases for solid state properties, e.g., bond
lengths or vibrational frequencies. The extension to spin dependent or spin-polarized case
can also be done by the introduction of a fractional spin-polarization function with electron
densities of α and β spins. The spin-polarization function is:
ξ(r) =

nα (r) − nβ (r)
,
n(r)

(3.19)

and EXC [n(r)] → EXC [n(r), ξ(r)], where n(r) = nα (r) + nβ (r) . The spin-polarized reformulation is called local spin density approximation (LSDA).
LDA exchange and correlation
The exchange energy density (εLDA
) of the homogeneous electron gas can be exactly determined
X
by the Hartree-Fock method:
εX

3
=−
4π



9π
4

1/3

1
rs

, where rs =



3
4πn(r)

1/3

.

(3.20)

However, the correlation energy density of the homogeneous electron gas (εLDA
) can only
C
be determined by numerical approximations. Ceperly and Alder [53, 54], and later others
[55–57], calculated the correlation energy density of the homogeneous electron gas with Monte
Carlo simulations. The simulations, practically, gave numerically exact correlation energy
density. For practical applications the numerical Monte Carlo result of εC is parameterized as
a function of rs . One of the most wide-spread parameterizations is from Perdew and Zunger
(PZ) [58]. They constructed the following εPC Z correlation energy density:
εPC Z (rs )

3.2.1

=

(

√
rs ≥ 1
(−0.1423)/(1 + 1.09529 rs + 0.3334 rs )
.
−0.0480 + 0.0311 · ln rs − 0.0116 rs + 0.0020 rs · ln rs rs ≤ 1

(3.21)

Hybrid functionals

Standard LDA or GGA implementations can underestimate semiconductor band gaps even with
50% compared to the experimental band gaps, which is called the LDA gap error [59, 60]. The
error can be mainly addressed to the rough approximation of the exchange-correlation (EXC )
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functional. The gap error, to a large extent, appears in the form of the mostly13 uniform shift
of conduction band states with respect to the valence band states. However, the gap error can
be corrected [60] by the partial [61] or the total [62] application of the exact exchange (OEP
or EXX methods14 ). During the time of my thesis work, efficient practical implementations of
EXX within the supercell method were still under development or in experimental phase.
Without proper correction of the gap error, electronic properties calculated by pure LDA
or GGA are not reliable15 (see the band gap illustration in Figure 1.3) and thus, cannot be
compared to experimental results. In the worst case, defect levels can artificially appear in the
band gap or dissappear from the band gap leading to qualitatively wrong results. The observation, that LDA or GGA trends are opposite to those of HF, motivated the development16 of
approximations which combine these two approaches, the so-called hybrid functional methods.
I mention only the one parameter hybrid functional, which contains a DFT correlation with a
combination of DFT and HF exchange in the following form:
hyb
HF
DF T
EXC
= αEX
+ (1 − α)EX
+ ECDF T .

(3.22)

The optimal value of the mixing parameter (α) is obtained by a fit to experimental results,
e.g., results from a database [61]. In the case of SiC, former theoretical results showed that
the 20% mixing can accurately reproduce experimental band gaps, as well as other properties
of 3C -SiC and 4H -SiC [14]. Due to the use of the Hartree-Fock exchange these methods still
scale with N 4 , at least.

3.3

Practical implementations

Practical implementations, of course, have several other approximations and instrumental details, especially sophisticated numerical methods as well as parallel programming techniques,
from which I shall highlight the two most important and rudimentary concepts in this section,
namely pseudopotentials and basis sets.

3.3.1

Pseudopotentials

Computational times can be greatly reduced by the utilization of the so-called pseudopotentials
(PSs). The idea is that in chemical bonds mostly valence electrons are involved, whereas core
electrons17 remain inert. Thus, they can be separated in conjunction with the nuclei and can
13

Relative errors between the conduction band states can be neglected compared to the gap error.
In the OEP method Kohn-Sham equations are reformulated to retain the exact expression for the exchange
potential, that is given by the orbital-dependent Fock expression.
15
Proper treatment of shallow levels are also a problem [63].
16
It was shown, that hybrid schemes had a rigorous formal justification within the exact DFT scheme [64] and
can be reformulated as a generalized Kohn-Sham approach [65].
17
To accurately describe core electrons near the nucleus lots of plain waves would have to be used, which is
computationally not favorable.
14
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be treated as a screened Coulomb potential. Therefore, explicit calculations can be done only
for the valence electrons.
Basically, in pseudopotential techniques the original (all-electron) wave functions (φae
i ) are
PS
replaced by pseudo wave functions (φi ) for the valence electrons. Pseudo wave functions are
nodeless and smooth under a so-called cutoff radius (rc ), while they are equal with their allelectron counterparts beyond the rc radius. As a result, the original nuclei-electron potential
(Vext ) is replaced with the screened potential, the pseudopotential (VPS ), which incorporates
core electrons and depends also on the l angular momentum:
PS
φae
i → φi

and

vext → vPS = vloc (r) + vnon-loc (r, l) .

(3.23)

Pseudopotentials are constructed so, that they yield the same electron eigenvalues for the
valence electrons as all-electron calculations do. One of the possible types of them are normconserving pseudopotentials, which retain the same electron density under rc as in the allelectron case. Usually, they are separated to a local18 (r-dependent) and to a non-local (r-,
l-dependent) term. Kleinman and Bylander constructed a separable approximation19 form,
a sum, for the non-local term in order to further speed up calculations [66].
There are several proposals for the pseudopotentials. Here, I shall mention two of them
which were used in my calculations. The first one is proposed by Troullier and Martins
l
l
in which φPS
i = φTM (r) = r exp(p(r)) gives the wavefunction inside the cutoff radius (the p(r)
polynomial is a sixth order in r 2 ) [67]. The second one is the effective core potential (ECP)
from Durand and Barthelat [68], which is used in the HF context and it serves the same
aim as pseudopotentials in DFT.

3.3.2

Basis sets

In practical calculations electron wave functions are expanded on a finite set of basis functions.
The choice of the basis set is one of the most important issues. Extended states can be welldescribed by plane waves (e.g., states in solids), however, localized basis functions suit better
for the description of localized systems: crystal defects, structures with large empty spaces or
for molecules. Here I will mention only two of the localized basis sets which were used in my
calculations.
Localized basis sets come from the tight-binding picture and utilize linear combination of
atomic-like orbitals (LCAOs). Generally, localized basis functions are the multiplications of
18

The reason is that the local term can be treated as the original Coulomb term.
The approximation is exact for atoms. In solids, however, the so-called ghost states can occur, which can
be hindered by fine tuning of the pseudopotentials.
19
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radial and spherical functions in the following form:
φnlm (r) =

X

χjnl (r)Ylm (ϑ, ϕ) .

(3.24)

j

If there are more than one radial functions for a given Ylm spherical function, then it is called a
multiple-zeta basis set. The ζ parameter is in connection with the coefficient of the exponent in
the radial function(s) and refers to the extent of the basis function. I used double-zeta polarized
(DZP) basis functions in the calculations. In case of the Si atom, using pseudopotentials, e.g.,
valence electrons (3s2 3p2 ) were described in the following way. Each 3s and 3p orbital was
described by 2 radial functions, that is 2 + 3 × 2 = 6 functions. Moreover, 3d polarization20
orbitals with one radial function were also included (5 more functions). As a result, for the Si
primitive cell, in conjunction with pseudopotentials, 26 basis functions21 have to be used. In
case of the 4H -SiC primitive cell using a DZP basis set (4 C [2s2 2p2 ] and 4 Si [3s2 3p2 ] atoms)
the number of basis functions is more than a hundred (104).
Two types of localized basis sets are widely used. The Gaussian type orbitals (GTO),
which are linear combinations of Gaussian type functions (GTFs) with various exponents, that
depend on ζ. The other type is numerical atomic orbitals. In the hybrid calculations the
so-called 21G∗ Gaussian type basis set was used. In the case of the Si atom (3s2 3p2 ) this
means that electrons were described by two (21 in 21G∗ ) independent Gaussian type orbitals.
The first orbital is the sum of two Gaussian type functions, while the second contains only
one Gaussian type function. The star refers to the 3d polarization Gaussian type function.
This results 3 independent coefficients for every electron. In their general form Gaussian type
orbitals have the following form:
φGTO
=
i

X

ci χi

and χi =

X

Cij g(x, y, z)e−α(ζ)r

2

(3.25)

j

where Cij -s are the contraction coefficients for the so-called primitive Gaussian functions.
The other types of localized basis sets are numerical atomic orbitals. They are derived from
atom centered orbitals and calculated on a fine grid. These grid values are then stored in a
database. In the calculations values are interpolated between the grid points. They usually
exhibit an Rloc localization cutoff radius beyond which they are equal to zero, thus speeding
up multi-center integral calculations significantly.
20
In the crystal space of solids the minimal basis is not enough, so-called polarization orbitals also have to be
used in order to properly describe orbital deformations in crystal space, e.g., without polarization orbitals the
calculated band structure of silicon exhibits a direct gap, which is a qualitatively wrong result.
21
In contrast, in a plane wave basis set the number of basis functions are around 500-600 depending on the
pseudopotential, which is an obvious drawback compared to localized basis sets.
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Supercell simulations

Before I give the details of the simulations I shall briefly summarize how a supercell method
based calculation with a localized basis set works. It is important to give an overall picture
summarizing the computational techniques of the calculations. In an atom-centered basis set
the one-electron wave functions of valence electrons are constructed in the form of Bloch sums
from atomic-like orbitals (ϕµ ) in the following form22 :
(k)

φi (r) =

N
P X
X

I=1 µ=1

(k)

cIiµ

X
RI

eikRI ϕµ (r − RI ) .

(3.26)

The electronic problem is reformulated as a generalized eigenvalue problem, a matrix equation,
that is solved for the wave function coefficients (cJiµ ) in every k-point:
N 
P X

X
JI
JI
cJiµ = 0 ,
Ĥνµ
− εi Sνµ

(3.27)

I=1 µ=1

where S is the overlap matrix between the orbitals and Ĥ is the Hamilton operator. It is
either the Fock operator (Ĥ = F̂ ) in Hartree-Fock approximation or the Kohn-Sham operator
(Ĥ = ĤKS ) in density functional theory, e.g., in the crystal code HF equations are the
following matrix equations F (k)C(k) = S(k)C(k)E(k) and these matrices in the Bloch basis
take a block diagonal form. Generally, in all the matrix elements, the basis functions can
be centered on different sites, thus giving rise to multi-center integrals. Equations for the kpoints are coupled in the sense of self-consistency through the one-electron orbitals and the
electron density. The solution follows the self-consistent iteration scheme mentioned at the
end of Section 3.1 . Integrals over the Brillouin zone are calculated by weighted sums with the
k-points generated by, e.g., a MP-scheme, which is mentioned in Section 2.1 . When the SCF
iteration converged or, in other words, the self-consistency is reached, then the total energy
and other values are calculated and the simulation ends. As I mentioned before, this general
scheme is identical both for HF and KS calculations.

3.4.1

Details of the simulations

I used two different approaches within the supercell formalism to investigate crystal defects
in 4H -SiC and at the SiC/SiO2 interface. Stable configurations, total energies and electronic
structures were determined by the siesta code [50]. To get accurate one-electron energy levels,
free of the LDA gap error, I utilized the hybrid functional built in the crystal code.
The siesta code implements ab initio DFT-LSDA in supercells. I used the exchange
correlation of Ceperley-Alder [54, 69] and Troullier-Martins pseudopotentials [67]. A double22

Here RI runs through all the atoms in every supercell.
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zeta plus polarization function basis of numerical atomic orbitals was applied. To model 4H SiC I used a hexagonal 96-atom supercell generated from the 8-atom primitive cell of 4H -SiC by
the T matrix mentioned in Section 2.1 . Optimal lattice parameters vary in different simulation
codes, therefore I fixed the lattice parameters of 4H -SiC supercell at the experimental values.
Thus defects can be easily transferred between or compared with different codes. The error
arising from the fixed lattice parameters is around 1%. This is a common method for such
multi-code calculations [70]. I show the model of the perfect supercell in Figure 3.1 (left). The
4H -SiC/SiO2 interface was modeled by a 204-atom slab supercell terminated by hydrogens at
its top and its bottom. I show this model in Figure 3.1 (right). Some defects for the interface
simulations were also calculated in a 243-atom SiO2 supercell. The siesta code is not capable of
calculating 2-dimensional slab structures, therefore the c-vector was chosen to be 25 Å in order
to separate periodic slab layers in the case of the interface. Brillouin zone summations were
carried out on a 2×2×2 Monkhorst-Pack [48] grid. Geometry optimizations were performed by
the conjugate gradient method. During the optimizations all the atoms were allowed to relax,
without any symmetry constraints, until the forces were below 0.5 mhartree/bohr . The mesh
cutoff23 was set to 90 Ry, that was sufficient for convergent results. The Pulay accelerator24
is set to N = 3 and mixing weight of 0.2 for optimal convergence. Good initial geometry of
defects is also a very important issue. An ideal case would be to perform ab initio molecular
dynamics (MD) in order to determine the stablest structures. However, in most cases MD
is computationally prohibitively expensive and not necessary because with good physical or
chemical arguments good initial positions can be chosen. Where it was applicable, especially
in the case of interstitials, the symmetrically inequivalent positions were selected as initial
geometries.

3.4.2

Gap correction

The total energy obtained by a DFT-LDA calculation is burdened by two problems. The one
is the notorious underestimation of the gap, and consequently the varying underestimation of
the one-electron energy of band gap states. The other problem is connected to the long range
23

Potentials are easier to calculate in the real space, whereas the kinetic energy is better to be calculated in
the reciprocal space. Therefore it is needed to Fourier transform the charge density back and forth between the
various spaces (n(r) ← FFT → n(k)). The mesh cutoff is the cutoff used in the Fourier expansions and it is in
no relation to the MP-scheme.
24
Pulay mixing (also known as Anderson mixing) generally accelerates convergence quite significantly, and can
reach convergence in cases where linear mixing cannot. The guess for the m + 1 iteration is constructed using
out
in
the input and output matrices of the N former SCF cycles, in the following way: nin
m+1 = αn̄m + (1 − α)n̄m ,
in
where n̄out
and
n̄
are
constructed
from
the
previous
N
cycles:
m
m
n̄out
m =

N
X

βi nout
(m−N+i)

and

n̄in
m =

N
X

βi nin
(m−N+i) ,

i=1

i=1

in
where the values of βi are obtained by minimizing the distance between n̄out
m and n̄m . The value of α is the
mixing weight.
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Figure 3.1. The perfect model of the 96-atom 4H -SiC supercell (left) and that of the 204atom 4H -SiC/SiO2 interface (right). The interface is modeled by a slab supercell terminated by
hydrogens both sides. Colorkeys: big yellow balls – silicon, small cyan balls – carbon, small red
balls – oxygen, small white balls – hydrogen

Coulomb interaction of charged defects. I corrected the band gap error, and consequently
the total energy, using the level positions obtained from hybrid functional calculations of the
crystal25 code [71]. In the hybrid functional calculations I used the final stable supercell
geometries and the same k-point set from the previous siesta calculations. Due to the O(N 4 )
scaling of the hybrid functional method only one SCF iteration, without geometry optimization, was applied. The mixing parameter was chosen to 20% mixing of the exact and the
Perdew-Zunger exchange potential. This approach, as mentioned before, yields band gaps of
2.4 eV and 3.3 eV for 3C -SiC and 4H -SiC, respectively, which are in line with the experimental values. A pure LDA calculation, in contrast, gives 1.2 eV and 2.0 eV, respectively. I
used a 21G∗ basis of Gaussian type orbitals with effective core potentials form Durand and
Barthelat [68]. Convergence was accelerated by a modified Broyden mixing [72], which takes
also the derivatives of the charge density into account: in the first two steps linear mixing with
80% was used, after that, the modified Broyden mixing with w0 = 10−4 and 50% mixing was
applied. Without Broyden (or Pulay) mixing the charge density fluctuations in LCAO-based
methods in subsequent SCF steps are usually so large, especially in ionic systems, that they
can prevent the convergence at all.
The validity of the gap correction was checked by an approximate GW26 correction to
LDA [73]. The GW calculations yielded approximately the same defect quasi-particle levels for
the occupied states of defects in SiC and in Si as by use of hybrid functional [74–77], I show
25

crystal was one of the first publicly available ab initio code for solids, which could perform hybrid HF-KS
calculations with Gaussian type orbitals.
26
GW approximation is a perturbation method based on many-body theory.
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the calculated defect levels in Table 3.1 . The levels are within 0.06 eV by use of LDA+GW or
hybrid functional.
Energy level corrections
Accurate total energies are needed to calculate precise occupation levels. However, proper
jellium (see later) charge correction is only implemented in the siesta code. Therefore, total
energy of charged supercells from the hybrid functional calculations of the crystal code cannot
be used to compute occupation levels. Instead, LDA total energies were corrected in the
following way: gap levels from LDA calculations were compared with their counterparts from
hybrid calculations. Shifts between the corresponding gap levels are summed up according to
the occupations. This energy difference is then added to the LDA total energy. The energy
correction is:
occupied
Xlevels
(no. of electrons)i × (level shift)i .
(3.28)
∆Etotal =
i=1

In other words, the LDA total energy is corrected via the band energy non self-consistently.
Though, the correction of the LDA total energy is very simple and it does not take the interaction of the electrons into account (which can lower the corrected total energy anyway),
the obtained results seem to be superior with respect to use of uncorrected LDA Kohn-Sham
levels. For instance, the calculated occupation levels of the well-known BI and Hi defects in
Si are in good agreement with the experimental values by use of this correction method [76],
see Table 3.2 . Previous theoretical calculations on carbon aggregates in SiC showed, that this
method can, indeed, yield reliable results for occupation levels [14].
It is, however, also possible to use solely hybrid functional energies of the crystal code to
compute occupation levels, with the so-called ∆EFC method. This method was used only for
the investigation of silicon clusters, therefore, I shall discuss the details of this method in the
corresponding chapter.

Defect

LDA+GW

hybrid

(BSi + (Ci )2 )+

+0.04

+0.10

)−

+0.26

+0.29

+1.07

+1.05

(BSi + (Ci )2
l=4c

Table 3.1. The highest occupied defect levels obtained by LDA+GW and hybrid
functional for some defects in SiC. The defect levels are given with respect to
−
the valence band edge. The BSi (Ci )+
2 and BSi (Ci )2 defects are in 3C -SiC. The
l=4c polarization superlattice is in 4H -SiC, see the explanation in Ref. [75].
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Charge correction

As I mentioned before, the other problem of supercell calculations is connected to the long
range Coulomb interaction of charged defects. Since periodically repeated charged supercells
would lead to an infinite Coulomb-energy, the charge of the supercell is compensated by a
uniform background charge, the so-called jellium, of opposite charge. However, this makes it
necessary, to correct not only for the (artificial) interaction of the defect charges, but also for the
interaction of the defect charges with the jellium. Makov and Payne developed a correction
method, which is strictly valid for periodically repeated point charges [78]. It was later shown,
that the Makov-Payne correction strongly overestimates the charge correction of defects in
solids [79–81], and the dependence of the correction on the charge is closer to linear [79] than
to quadratic (as the leading term of the Makov-Payne correction). The reason is the smeared,
not point-like, defect charge density. Where it was applicable, in my calculations I used the
0.21 × q 2 approximation for the Makov-Payne correction, which is valid for SiC, see the details
in Appendix A.2 .
Castleton and co-workers suggested using a finite size scaling, which can be used to
estimate or can give a reasonable upper limit for the charge correction [81]. They showed, that
the leading finite size error is inverse linear and inverse cubic in the supercell size (n = 3):
∞
= Eform (L) −
Eform

a1
an
− n,
L
L

(3.29)

∞
is the formation energy of the isolated defect and Eform (L) is that of in the L-size
where Eform
(linear size) supercell. Applying the finite size scaling method in 4H -SiC is very demanding,
since large supercells are needed. The number of basis atoms is 8 along c-axis. The average
diameter of the 96-atom supercell is about 10 Å with one unit cell along the c-axis. The next
smallest supercell, with two units, possessing an average diameter of 20 Å, is the 576-atom
supercell. The next larger supercell would consist of 1944 atoms with three unit cells along
the c-axis. At the time of my thesis work these kind of calculations were computationally very

Defect

DFT

hybrid

experiment

BI (+/0)

+0.66

+0.94

+0.99

BI (0/−)

+0.55

+0.66

+0.75

Hi (+/0)

+0.46

+0.90

+0.96

Table 3.2. The calculated DFT (LDA/GGA) and corrected DFT occupation
levels of defects in silicon. The correction of DFT total energies was based on
the hybrid functional calculations as explained here. The occupation levels are
given with respect to the valence band edge. The defects and their properties
are described in Refs. [14, 75] and references therein.
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demanding even using supercomputers. I present the details of the finite size scaling method
in Appendix A.2 .
An accurate charge correction, which can be applied for complex crystal defects in the time
of my thesis work, was still under development [82]. However, preliminary results showed that
the charge correction for well-localized defects, even in a 64-atom 3C -SiC supercell, is under
0.1 eV. Therefore, otherwise not stated, I did not apply any charge correction for charged
defects. Although, possible energy uncertainty will be addressed in the discussions.

3.4.4

Code developments

Supercell ab initio simulations are, usually, very demanding calculations. For my simulations
I used several computer clusters or supercomputers. The total aggregated CPU core time was
more than 300 000 hours over three years, i.e., averagely 9000 hours per a month. Even though,
I had access to the source code of the simulation programs, their compilations were, in most
cases, non-trivial tasks. Practically, I had to set up the proper build parameters for parallel
compilations. In some cases, even auxiliary libraries also had to be compiled and optimized. I
conducted several test calculations to determine the optimal compilation parameters. In some
cases this process involved a tedious manual tuning, because there were parts of the codes,
which needed less optimization as the others. Nevertheless, I successfully compiled and ran
reliably the required ab initio codes on several parallel machines. Besides code compilations I
modified the siesta code to be able to handle large input files (with more than 1024 atoms),
as well as ported the force matrix continuation extension, implemented by Ádám Gali, from
the 1.3 version to the new 2.0 version. In order to help input preparation and output analysis I
developed several python scripts, e.g., geometry converter between the various codes, a script to
embed small supercells into larger ones or scripts for vibrational mode analysis. I have started
to develop these scripts a unified script library in order to provide a common and extensible
API for simulation tools. I plan to release the package to the public under GPL.
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Results

Introduction
Calculational methods mentioned in the previous part are total energy methods. They minimize
the total energy of the system in the spirit of the HF method or the DFT. The total energy
can then be used to calculate binding energies or occupation levels. The stability of a crystal
defect is characterized by the dissociation energy, which is, p.d., the sum of the binding energy
and the diffusion barrier energy:
Edissoc. = Ebind. + Ediff. .

(3.30)

The binding energy (Ebind. ) is the energy gain of bringing the reactants together into products.
The diffusion barrier (Ediff. ) is the energy needed for an isolated defect to wander or diffuse
in the crystal. Barrier energy calculations involve saddle point search on the PES, which is
a very demanding calculation with ab initio codes, due to the usually large number of steps
needed to reach the saddle point. Total energy calculations, even alone, can consume lots of
resources. In my calculations, one defect usually needed a DFT calculation as well as a hybrid
recalculation of each charge state. Moreover, for spin-polarized systems resource needs were
doubled. Therefore, my primary aim was the calculation of the binding energy of the defects.
Where it was applicable, I employed previous calculational results of diffusion barrier energies.
The binding energy of a defect, p.d., is the energy difference between the total energy of
the products and that of the reactants. It shows how feasible for the reactants to form a defect
(the products): in the case of a positive value the production of the defect is favorable (if the
diffusion barrier allows the reactants to meet). In the case of a negative value the production
of the defect is not feasible. The number of atoms and that of the charges have to be equal in
both sides of these reaction equations. Missing atom numbers are compensated by the energy
of the perfect supercell added to the corresponding side of the equation. Throughout this thesis
I shall use the following definition of the binding energy. The reactants, A and B, can form
the product (AB) in the following reaction:
AB : A + B → AB(+P ) .
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The number of atoms and electrons should be conserved in this process, therefore, the perfect
supercell (P ) is added to the right side. The formation of AB is favorable when the sum of
the total energy of the products is less than the sum of the total energy of the reactants. For
instance, if the total charge of the products and the total charge of the reactants are the same,
then the formation of the AB complex is favorable:
∆E = [Etotal (AB) + Etotal (P )] − [Etotal (A) + Etotal (B)] < 0 ,
where Etotal (A) and Etotal (B) is the total energy of A and B reactants, respectively, and
Etotal (P ) is the total energy of the perfect supercell. The binding energy (Ebind. ) is defined as
−∆E : the larger the Ebind. , the formation of the defect is more favorable. In other words,
Ebind. energy is needed to invest in order to break the complex into its constituents. In this
definition, if Ebind. is negative then the complex will disintegrate spontaneously. In Chapter 7
I will present reaction energy calculations, where reaction energies have the same definition as
the binding energy. It can happen, that the total charge of the reactants and the total charge
of the products is not the equal. In order to conserve the charge equality, electrons should
be added (+e− ) or subtracted (−e− ) in the process. Thus, the energy of the electrons should
also be added or subtracted to or from the binding energy. The energy of these electrons
is equal to the position of the Fermi-level, e.g., it can be assumed, that the position of the
Fermi-level is close to the midgap in the irradiated SiC samples. For 4H -SiC the calculated
LDA valence band maximum (EV ) is at −5.45 eV and the conduction band minimum (EC ) is
at −3.11 eV. In the following chapters the calculated occupation levels and one-electron levels
are given with respect to the calculated valence band maximum of 4H -SiC. I gave the oneelectron levels of the defects also from the siesta (LDA) and also from the crystal (hybrid
functional) calculations. Although, LDA calculations are burdened by the well-known gap error
it is worth including these values too, because of reproducibility and because of comparison
with the hybrid functional values.
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Phosphorus in CVD SiC layers
4.1

Preliminaries

Phosphorus (P) beside nitrogen (N) is one of the common n-type dopants of SiC. Both of
them are introduced into the crystal by in-growth doping, i.e., by chemical vapor deposition
(CVD) or by physical vapor transport (PVT). However, each of them has a doping limit,
which is relatively low. Nitrogen has a saturation of the free carrier concentration at about
4 × 1019 cm−3 by high N-doping level [83–85]. It was shown, that this effect can be entirely
explained by the growing nitrogen-vacancy (N-V) complexes at high N-concentrations [6]. In
case of the phosphorus, theory predicts that the solubility of the shallow P-donor can reach
the 1021 cm−3 range limit for high temperature growth [6]. However, the maximum measured
concentration of P-donors is at about 1017 cm−3 in PVT growth [7]. Bockstedte et al. suggested
that the low incorporation of phosphorus is due to kinetic effects in the gas phase or at the
surface. They also showed, that the concentration of phosphorus at a carbon substitutional
position (PC ) is, at least, one order of magnitude less than that of phosphorus at the silicon
substitutional position (PSi ) even under Si-rich condition [6]. According to the site-competition
phenomena, under Si-rich growth condition more carbon vacancy is produced promoting the
formation of the PC defects.
Experimental findings of phosphorus doping during CVD growth showed, that the maximum carrier concentration also did not exceed 1017 cm−3 for any set of growth conditions [8].
Wang and co-workers found, that the P-donor concentration did not show clear site-competition
effect observed for the N-donor [86]. Moreover, at high C/Si ratio the concentration of P-donors
was even lower than at lower C/Si ratio. This result was not expected, since it is natural to
assume that phosphorus substitutes on the silicon site, which should be more favorable at
high C/Si ratio according to the site-competition phenomena. Therefore, they speculated that
phosphorus begins to substitute the carbon site. It might be also possible, that hydrogen (H)
can influence the site selection of phosphorus as in the case of boron [87], thus explaining
the unexpected behavior of P-donors. They found that PH and P2 molecules are present at
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significant concentrations in the gas phase of the CVD chamber, thus they can be directly
incorporated into the SiC during growth and influence the formation of P-related defects. To
explain the above mentioned experimental results I calculated the electronic structure and the
concentration of various P-related defects (PSi , PC , PSi + H, PC + H and P pairs), which can be
relevant during the CVD growth. Defects were modeled in the 96-atom 4H -SiC supercell, and
calculated with the siesta code. Previously, the siesta code had provided consistent results
with the experiments for other H-related defects in 4H -SiC [74]. In the next section I shall
present the electronic structure of the P-related defects and after that I will show the results
of the concentration calculations. The list of the calculated P-related defects can be found in
Appendix B.1 .

4.2

Phosphorus-related defects

First, I calculated the two substitutional defects: phosphorus at the silicon site (PSi ) and at
the carbon site (PC ). I found that the total energy differences associated with h and k sites are
below 0.05 eV, therefore, site-dependency was not considered in any way. For concentration
calculations the ionization energy of the donors are needed. The shallow donor levels are
delocalized, for that reason, a large supercell had to be used. To get accurate ionization
energies, these defects were recalculated in a large, 576-atom, supercell. My results, basically,
agreed with earlier calculations from Bockstedte et al. [6]: P+
Si is a very shallow donor while
PC is a slightly deeper one with the following ionization energies relative to the conduction band
minimum: EC − 0.04 eV and EC − 0.06 eV, respectively. The total energies of the calculated
P-related defects can be found in Appendix B.1 .
In order to investigate the effect of hydrogen on the donors I put a hydrogen next to these
defects in an interstitial position and calculated the PSi + H and PC + H defects. Other theoretical calculations showed, that hydrogen in n-type material is in the 1− charge state [88]. The
most stable configuration for hydrogen atoms are behind phosphorus atoms at antibonding
positions, see Figure 4.1 and Figure 4.2 . These hydrogen containing complexes are electrically inactive and possessing no levels in the band gap. The calculated binding energies are
0.3-0.5 eV and 0.1-0.3 eV, respectively:
0.3-0.5 eV

−
P+
Si + Hi −−−−−−→ PSi + H and

0.1-0.3 eV

−
P+
C + Hi −−−−−−→ PC + H .

(4.1)

The uncertainty in the binding energies is due to the charged supercells. The charge correction
is around 0.2 eV. This indicates that at relatively low annealing temperature, both, PSi +
H and PC + H complexes dissociate. Therefore, I predicted that passivation effect could not
be expected by hydrogenating the P-donors. I show the stablest geometries, as well as pseudo
charge difference plots of these defects in Figure 4.1 and Figure 4.2, respectively. The pseudo
charge difference is defined as the difference between the total charge density and that of
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Figure 4.1. Charge density difference plot (left) and the stablest geometry of the PSi + H defect
(right). In the charge density difference plot more positive areas show, where electrons are more
likely to be localized, whereas more negative areas correspond to electron absence. It can be seen
that the H-atom is behind the P-atom at an antibonding position: there is an electron absence
between the H-atom and the P-atom, while in the case of the Si and C sp3 hybrid bonds the
charge density is localised in the middle of the bonds. Colorkeys: big yellow balls – silicon, small
cyan balls – carbon, big tan balls – phosphorus, tiny white balls – hydrogen

generated by the individual atoms, i.e., δn(r) = n(r) − natoms (r) . More positive areas show
where electrons are more likely to be localized, whereas more negative areas correspond to
electron absence. The directions of the sp3 hybrid bonds of SiC can also be clearly seen, in
which electrons are localized around the bond centers.
It is also possible that a P pair is incorporated into the SiC layer in the form of a PSi + PC
defect. I found that this defect is also electrically inactive. According to the h and k places
in 4H -SiC there are three possible configurations. The calculated total energies were within
0.05 eV, therefore I show only one of the stablest structures in Figure 4.3 .

4.3

Calculation of defect concentrations

Calculation of defect concentrations under CVD growth is a difficult task. All the competing
defects in the growing SiC layer have to be considered, as well as internal parameters (e.g.,
partial pressures of molecules in the gas phase) of the CVD chamber have to be known. However, it can be assumed, that the high temperature CVD growth is close to a quasiequilibrium
process. In that case, the concentration of defects can be calculated by using defect formation
energies and applying the neutrality condition for them [89]. For the sake of simplicity, kinetic
effects at the interface were neglected. The concentration of a defect is in relation with the
defect formation energy, which is defined, e.g., in the case of the PSi + H defect, by
q
Eform
= ∆E q (nSi , nC , nP , nH ) − (nSi − nC )∆µ − nP µP − nH µH + qEF ,
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Figure 4.2. Charge density difference plot (left) and the stablest geometry of the PC + H defect
(right). The range of the charge density difference plot is the same as in Figure 4.1 . Colorkeys:
big yellow balls – silicon, small cyan balls – carbon, big tan balls – phosphorus, tiny white balls
– hydrogen
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Figure 4.3. Charge density difference plot (left) and the stablest geometry (right) of the PSi +
PC defect. The range of the charge density difference plot is the same as in Figure 4.1 . It can be
seen from the charge density difference, that there is a bond between the two P atoms. Colorkeys:
big yellow balls – silicon, small cyan balls – carbon, big tan balls – phosphorus

where ∆E q is the environment independent relative energy of the defect, see Appendix A.1.1 .
This relative energy depends only on the total energy of the supercell and the chemical potential
of the Si-atom in bulk silicon and of the C-atom in diamond. The bulk chemical potential can
be calculated1 from the corresponding perfect crystal total energies. However, it is important
1

Practically, µSi is the total energy of the Si perfect supercell divided by the number of Si atoms in the
supercell.
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to note that the formation energy (and thus, the concentration) of this defect depends strongly
on the actual values of the chemical potential of hydrogen and phosphorus. These species
are, indeed, in the gas phase in CVD growth and their chemical potential is a function of
the temperature and the partial pressure of P- and H-containing molecules. Wang et al.,
in the afore-mentioned experiment, calculated the partial pressure of P-related molecules at
different growth conditions [8]. From these partial pressures of the diatomic molecules (P2
and PH) I calculated their chemical potentials at a given temperature using the following
thermodynamical relationship [90]:
vac
+ µvib (Evib , T ) + µrot (Erot , T ) + µvol (m, p, T ) ,
µ(p, T ) = Etotal

(4.3)

vac is the total energy of the molecule in vacuum. The various chemical potential
where Etotal
terms are derived from the corresponding partition functions. These terms depend on the
partial pressure (p) and the temperature (T ) of the corresponding diatomic molecule. From
these values the chemical potential of the phosphorus and the hydrogen atom can be computed.
In the formation energy equation (4.2) above ∆µ expresses the stoichiometry of SiC, i.e.,
∆µ = 0 means the stoichiometric growth, where ∆µ = ∆Hform /2 indicates an extreme C-rich
condition and ∆µ = −∆Hf/2 indicates an extreme Si-rich condition, where ∆Hf = −0.7 eV is
the heat of formation of SiC. In practice, the stoichiometry of SiC is influenced by the ratio
of C-containing (C3 H8 ) and Si-containing (SiH4 ) precursors, called the C/Si ratio. Unfortunately, it is not possible to convert this experimental C/Si ratio into the value of ∆µ used
in the calculations. Therefore, I shall define an interval, marked by vertical dashed lines in
the figures, of the values of ∆µ for which I consider that the calculations are valid for the
experimental conditions. Beside P-related defects, the silicon vacancy was also considered in
the concentration calculations. Aradi et al. thoroughly investigated the vacancies in SiC by ab
initio simulations [89]. For the vacancy related defects I used their previous results. I present
the details of the calculations in Appendix A.1 .
First, I determined the concentration of the P-related defects at growth conditions of
0.3 sccm PH3 flow rate and C/Si=3.6 in the experiment of Wang et al. [8]. The temperature was 1800 K, and the partial pressure of P2 and PH molecules was 1.97 × 10−5 atm and
1.05 × 10−7 atm, respectively. I found that the concentration of PC + H and PSi + H defects and
that of the P-pair is small, below 1011 cm−3 , see in Figure 4.4 (right). However, I found that the
shallow donor (PSi ) is the most abundant defect with a maximum concentraion of 1017 cm−3 ,
while the PC defect is the second most abundant one. The concentration of PC is always at
least one and half orders of magnitude less than that of the PSi defect. Therefore, only PSi contributes significantly to the concentration of free carriers in P-doped epitaxial SiC layers. I
show the calculated concentrations of the most abundant defects in Figure 4.4 (left). I marked
the interval of ∆µ within which the calculation can be valid for the experimental conditions.
It is important to note, that the difference of the formation energy of the PSi and PC defects
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Concentration (cm-3)
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PSi+ H

PC+ H
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PSi+ PC

C-rich
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Figure 4.4. Calculated concentration of the most abundant P-related defects and of the free carriers as
a function of ∆µ, which expresses the stoichiometry of SiC, that is, ∆µ = 0 means the stoichiometric
growth, while ∆µ = ∆Hform /2 indicates an extreme C-rich condition and ∆µ = −∆Hf /2 indicates an
extreme Si-rich condition, where ∆Hf = −0.7 eV is the heat of formation of SiC. I marked by dashed
black lines an interval of ∆µ within which the calculation could be valid for the experimental conditions.

does not depend on the chemical potential of phosphorus, so this conclusion should be valid
for any condition of CVD growth which is close to a quasiequilibrium process. Experimental
data was also available at fixed PH3 flow (0.2 sccm) and C/Si=3.6 for different temperatures. I
calculated the free carrier concentration at fixed ∆µ = 0 for various temperatures. I compared
my results with the experimental data in Figure 4.5 (left). The calculations gave the same
trend as observed in the experiments. It was, however, not clear why this CVD growth did not
show the trend, that at higher C/Si ratio the concentration of P-donors increased according
to the site-competition theory. It has to be noted, that phosphorus does not bind to any Cor Si-containing molecule in the gas phase according to the findings of Wang et al. [8]. This
means that phosphorus does not strongly influence the chemical potential of carbon and silicon
atoms in the gas phase. In contrast, this is not the case for nitrogen doping, for which the
nitrogen is predominantly in C- and Si-containing molecules in the gas phase. Therefore, the
chemical potential of nitrogen and that of the host atoms strongly depend on each other.
Based on the my calculational results, I propose a model to explain why the site-competition
effect does not work for phosphorus doping under CVD growth. In the case of P-doping the
fraction of C3 H8 and SiH4 molecules can influence the chemical potential of phosphorus in an
indirect way. By increasing the C/Si ratio one provides more hydrogen into the gas phase via
C3 H8 molecule, which can modify the partial pressure ratio of P2 and PH molecules. As a
consequence, the chemical potential of phosphorus changes. Unfortunately, no experimental
data was available for the partial pressure of P2 and PH molecules at different C/Si ratios.
In the experiment carried out by Wang et al. [8] the total pressure and the flow of the SiH4
molecule was kept fixed. They varied the flow of the C3 H8 molecule to modify the C/Si ratio.
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Figure 4.5. Temperature dependency of free carriers (left) at different temperatures in the simulations
and in the experiment of Wang et al. . With decreasing partial pressure of the PH molecule the chemical
potential of phosphorus decreases as well (right). As a consequence, the formation energy of PSi will
increase resulting in a lower concentration of PSi . The right figure shows the calculated concentration
of PSi at some ad hoc PH pressure values (pressure is decreasing from left to right).

By increasing the flow of C3 H8 molecules, not just the concentration of carbon atoms, but also
the concentration of hydrogen atoms increases. Since the average dissociation energy of PHn
and SiHn are about the same, but much smaller than that of CHn molecules, it is natural to
assume that the partial pressure of CHn molecules can, at least, increases with increasing flow
of the C3 H8 molecule. At constant total pressure this would, at least, decrease the partial
pressure of PHn molecules. With decreasing partial pressure of the PH molecule the chemical
potential of phosphorus decreases as well. As a consequence, the formation energy of P+
Si will
+
increase resulting in lower concentration of PSi . To show this trend I used the partial pressure
at 0.3 sccm PH3 flow and C/Si=3.6 ratio from the experiment of Wang et al. with decreasing
ad hoc values of partial pressure of PH to simulate the increasing C/Si ratio. For the sake
of simplicity the value of ∆µ was fixed at zero. I show the calculated donor concentration
under these assumptions in Figure 4.5 (right). Basically, there are two competing process.
The effect of hydrogen atoms provided by C3 H8 molecules can decrease the chemical potential
of P resulting in lower dopant concentration. However, from Figure 4.4 it is apparent, that
at higher C/Si ratio the value of ∆µ should shift toward the C-rich condition lowering the
formation energy of the most abundant P+
Si defect. Apparently, at higher C/Si ratio more Si
vacancy is produced promoting the formation of the PSi defects. However, this effect can be
compensated by the change in the chemical potential of phosphorus via the additional hydrogen
content provided by C3 H8 molecules. As a consequence, the concentration of the P+
Si defect
(and that of the free carriers) can be, indeed, lower at higher C/Si ratio.
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Aluminum-related defects
5.1

Preliminaries

Aluminum (Al) is one of the common p-type shallow acceptors in SiC with an ionization energy
of about 0.2 eV [9]. It is introduced into the crystal by implantation. Theoretical calculations
showed that aluminum at the silicon site (AlSi ) creates that shallow acceptor state and its
formation energy is much lower than that of at the carbon site (AlC ) [91]. Experimental results
of DLTS and EPR measurements revealed several shallow and deep Al-related centers [10–12]
even after high temperature annealing [13]. In the following I shall summarize the important
experimental results about these centers.
EPR studies also showed that AlSi is the shallow aluminum acceptor in SiC [92]. The
preference of aluminum for the Si-site can be utilized via site-competition doping. To increase
the incorporation rate of aluminum, carbon excess has to be provided in in-growth doping, or
a co-implantation1 of carbon with aluminum has to be used. In the latter case, however, the
possibility of complex formation between carbon and aluminum atoms should be considered.
Aluminum-related EPR signals were, indeed, found in 6H -SiC which differed from the EPR
signal of AlSi [93, 94]. In these experiments no satellite hyperfine lines were reported for the
EPR centers, which made the identification of these centers difficult. It was speculated, that
these new EPR signals are due to a deep aluminum defect.
Reshanov et al. carried out admittance and deep level transient spectroscopy measurements
on ion-implanted and subsequently annealed Al-doped (1016 cm−3 ) 6H -SiC samples [12]. They
found several shallow centers: the so-called RE1 and RE2 centers are shallow acceptors, with
ionization energies around 150-230 meV, containing one aluminum atom shown by comparing
the capacitance spectrum of the non-implanted and that of the He+ -implanted Al-doped 6H SiC samples [12]. Mitra and co-workers also found an Al-related acceptor level at around
280 meV in Al-implanted SiC [95]. The concentration of RE1 and RE2 centers started to
1

It is expected, that carbon atoms recombine with the carbon vacancies at the first place leaving silicon
vacancies for the aluminum.

45

5. Aluminum-related defects

5.1. Preliminaries

decrease after a high temperature (1400 ◦ C) anneal. Besides the RE1 and RE2 centers other
AS centers were also found in the measurements. Without the annealing step, only the KR2
center was observed. Subsequent to an anneal at 800 ◦ C, the peaks KR1, KR2 and a third peak
X1 at around 255 K was detected [12]. The KR2 and X1 centers disappeared upon annealing at
1700 ◦ C, and only KR1 survived [12]. The concentration of the KR2 and X1 centers started to
drop after an anneal at 900 ◦ C and 1200 ◦ C, respectively. It was, however, not proven directly
that aluminum was involved in these AS or DLTS centers [12]. The ionization energies of KR1,
KR2 and X1 centers are around 380, 330 and 500 meV, respectively [12].
In DLTS studies of Al-doped SiC samples deep levels were detected at EV + 0.56 eV and at
EV + 0.69 eV in α-particle irradiated (5.5 MeV), as well as in non-irradiated samples of 6H SiC [96]. Gong and co-workers also investigated aluminum doped (9 × 1015 cm−3 ) 6H -SiC after
electron irradiation (1.7 MeV) [11]. They found two DLTS centers, called H1 and H2 with
levels at EV + 0.55 eV and at EV + 0.76 eV, respectively. The H1 center anneals out at 500 ◦ C,
while H2 center at 200 ◦ C.
Negoro and co-workers also investigated Al-implanted 4H -SiC samples by DLTS after high
temperature annealing [13]. They found, that nearly all of the implanted aluminum atoms were
activated by annealing at 1700 ◦ C [13]. However, they detected electrically deep centers in the
tail region of the DLTS spectrum with 3-4 orders of magnitude lower concentrations than that
of the implanted Al-atom concentration (1018 cm−3 ) [13]. The DLTS centers yielded levels at
EV + 0.82 eV, EV + 1.01 eV and EV + 1.70 eV, called A1, A2, and A3 centers, respectively.
It was found that the highest peak in the DLTS signal for the 1 minute annealed sample was
trap A1 . For the 30 minute annealed sample, however, the highest peak is related not to trap
A1 but to trap A2 [13]. They speculated that these traps belonged to one defect with different
configurations. The A3 center did not correlate with traps A1 and A2 [13].
The afore-mentioned EPR and DLTS studies indicate that aluminum related deep centers
can exist in irradiated SiC. Moreover, it was also found that the low temperature implantation
of aluminum in 4H -SiC resulted in imperfect activation rate of shallow aluminum acceptor
shown by Hall-effect measurements [97, 98]. Similar conclusion was reached in Al-implanted
4H -SiC by others [99–102]. Matsuura et al. found that Al acceptor density decreased in
aluminum doped 4H -SiC by irradiation with 4.6 MeV electrons and a new DLTS level appeared
at about EV +0.370 eV [103]. This measurement was repeated by much lower energy of electron
irradiation (0.2 MeV) in that only the carbon atoms were displaced from their host sites [104].
The same decrease in aluminum acceptor density and the new DLTS level was detected as
by irradiation with 4.6 MeV electrons. Based on this measurement Matsuura and co-workers
set-up a model for the new DLTS center: aluminum substituting silicon next to carbon vacancy
(AlSi VC ) [104]. Their idea was that the C-atom near the AlSi defect was displaced due to the
irradiation converting the shallow aluminum acceptor level to a deeper one.
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In irradiated SiC, among others, carbon interstitials are also created, which are mobile
species in SiC [105]. Former theoretical calculations showed, that the aggregation of carbon
interstitials in SiC is a very feasible process [14, 15] and such clusters, indeed, can be detected
as C-C stretch modes in the phonon-assisted sidebands of the photoluminescence spectrum of
the so-called P-U centers in irradiated SiC [106]. Theory also predicted, that nitrogen donors
or boron acceptors can trap carbon interstitials in SiC [74,107,108]. Therefore, in Al-implanted
SiC, the mobile carbon self-interstitials (Ci ) can meet shallow aluminum acceptors (AlSi ) and
modify their electronic structure by complex formation. It was also shown, that complex
formation between boron interstitials and carbon self-interstitials is favorable [74, 108], which
can take place in boron implanted SiC as well. Similarly, complex formation of aluminum
interstitials (Ali ) and carbon self-interstitials can occur in Al-implanted SiC. Moreover, in
irradiated SiC, the carbon vacancy (VC ) may diffuse under high temperature annealing (above
1100 ◦ C) and it can be trapped near the immobile AlSi forming the AlSi VC defect.
Based on the above discussed theoretical and experimental results, I investigated the possible defect complexes of aluminum and carbon interstitials, as well as carbon vacancies in
order to explain the origin of the aluminum-related centers. I calculated the electronic structures, occupation levels and the binding energy of the defects. Defects were modeled in the
96-atom 4H -SiC supercell. Stable configurations and the energetics was determined by the
siesta code. In the calculations of vacancy containing defects no ghost atom was applied.
Rauls et al. compared Siesta results of vacancy containing defects with results of plane wave
calculations [109]. They found that the utilized DZP basis used in Siesta is good or extended
enough to well-describe the electron density in the vacancies. Therefore the so-called basis set
superposition (BSS) error, arising from the reduced basis, is small enough around 0.1-0.2 eV.
Defect levels, free of the LDA gap error, were obtained by hybrid functional calculations using
the crystal code. The correction method of the defect levels and the total energy, as well
as details of the simulations were presented in Section 3.4 . The complete list of the relevant
defects can be found in Appendix B.2 .

5.2

Aluminum interstitial related defects

The aluminum interstitial (Ali ) is thoroughly investigated in 4H -SiC by Mattausch and coworkers using plane wave LDA supercell calculations [110]. The most stable place for Ali was
found in the cage of four carbon atoms at the k-site, called TC(k) site. First, I investigated
this defect in detail also by applying the hybrid functional. I found that the Ali + defect
has an effective mass like, fully occupied donor level split from the conduction band edge by
about 0.6 eV. This state, however, could be overlocalized due to the relatively small supercell
for an effective mass like donor. In order to determine the charge state of this defect I also
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performed Mulliken-analysis2 in the 1+, 2+ and 3+ charge states. I found that, at least,
2.4 electrons are localized around the Al-atom even in the 3+ charge state. This was not
unexpected by accepting the fact that Ali + itself is an effective mass like donor. Therefore,
the donor state should be delocalized in the entire supercell, and by removing the electrons
from this defect level the charge should be smeared in the whole supercell. Mattausch et al. in
their calculations used the Makov-Payne charge correction for this defect. According to their
results Ali should be in the 1+ charge state, and its occupation levels (3+/2+) and (2+/+)
are at around EV + 1.4 eV and EV + 1.6 eV, respectively. In order to investigate the validity of
the Makov-Payne correction I calculated the Ali 3+ defect in a larger, 576-atom, supercell. The
Makov-Payne correction suggested about 0.9 eV formation energy difference between the 96atom and 576-atom supercells, however, the calculated one was only 0.22 eV. This energy can
be taken as an upper limit of the charge correction in the 96-atom supercell by using the finite
size scaling method, see details in Appendix A.2 . As a result, the Makov-Payne correction
greatly overestimated the charge correction. Using only the correction of the finite size scaling
method I can conclude, that Ali is in 3+ charge state if the Fermi-level is at the midgap, i.e.,
at EV + 1.8 eV in 4H -SiC. Previous theoretical calculations showed, that the mobile carbon
interstitial is neutral [14, 15]. In that case Ali has only one (3+/+) occupation level at around
EV + 2.4 eV high in the band gap.
Secondly, I investigated the complexes of Ali with one carbon interstitial. The calculated
binding energy of the Ali Ci defect without charge correction is 1.7 eV:
1.7 eV

−
−−−→ (Ali Ci )+ ,
Al3+
i + Ci − 2e −

(5.1)

which suggests that this defect is thermally stable. In the structure of this defect the Ci and a
near carbon atom share a carbon site in a split interstitial position, called C-split interstitials.
In the 3+ charge state the original split-interstitial structure is more deformed. I show the
stable geometries of the Ali Ci defect in its various charge states in Figure 5.1 .
The (Ali Ci )+ defect has two deep electron levels in the gap. The defect states are localized
on the p-orbitals of the C-split interstitials. I show the wave function localization of the highest
occupied levels in Figure 5.1 . In the neutral state the unpaired electron goes to a conduction
band state similarly to the case of the isolated Ali leaving the defect in 1+ charge state. I
summarized its defect levels in the band gap in Table 5.1 .
As I mentioned before, the estimated charge correction for Ali 3+ was about 0.22 eV. I also
checked the formation energy of the Ali Ci defect in its highest charge state (3+) in order to
obtain realistic, charge corrected, values for occupation levels of this complex. The formation
energy of the (Ali Ci )3+ defect was about 0.1 eV lower (and not higher) in the 576-atom supercell
than that in the 96-atom supercell. This result was not expected. One possible explanation is
2
Mulliken charges arise from the Mulliken population analysis, that can be used to estimate partial atomic
charges in LCAO-based computational methods.
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that the 96-atom supercell was relatively small for the Ali Ci defect resulting in a bit different
charge density compared to that in the 576-atom supercell and thus showing the defect more
stable in the larger supercell. Nevertheless, it can be concluded that the charge correction
is small for the Ali Ci defect even in the 3+ state as well. Using 0.22 eV as an upper limit,
the charge correction would increase the binding energy by about 0.2 eV. The calculated
(3+/2+) and (2+/+) levels are each close to 1.2 eV, without charge correction that would
shift a bit downward these levels.
I also found a metastable configuration (meta) of this defect that is less stable by about
0.1-0.3 eV in energy depending on the charge state. In the metastable structure the C-split
interstitials are under the Ali atom. I show the geometries of the metastable configuration in
its various charge states in Figure 5.2 . The electronic structure of the metastable configuration
is very similar to the most stable one: two defect levels in the gap, that are localized on the
p-orbitals of the C-split interstitials. The calculated (3+/2+) and (2+/+) occupation levels
are at about EV + 1.0 eV and EV + 1.3 eV, respectively. These occupation levels might also
shift a bit downward as in the case of the most stable configuration.
Previous theoretical calculations showed, that carbon self-interstitials are mobile species
in SiC. Therefore an additional Ci can reach this defect under annealing forming the Ali (Ci )2
defect. The calculated binding energy of this defect, without charge correction, is 2.9 eV:
2.9 eV

(Ali Ci )+ + Ci −−−−→ (Ali (Ci )2 )+ .
(Ali Ci )+

(5.2)

siesta

crystal

Shift

194.

+0.25

+0.54

+0.29

195.

+0.56

+0.96

+0.41

194.

+0.37

+0.62

+0.26

195.

+0.71

+1.07

+0.35

196.

+0.31

+0.66

+0.35

197.

+1.20

+1.76

+0.56

(Ali Ci )+ (meta)

(Ali (Ci )2 )+

Table 5.1. One-electron defect levels of the Ali Ci and Ali (Ci )2 defects in the band gap of 4H -SiC.
The defect levels are given with respect to the valence band maximum of 4H -SiC. The first column
is the one-electron level number, the second and third columns contain energies of the LDA and
hybrid calculations, respectively.
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2+

1+

Ci

3+

Ci

Ali

Ci

Ali

Ali

Figure 5.1. The stablest complexes of the Ali Ci defect in different charge states: 1+ (left), 2+
(middle), 3+ (right). Corresponding charge states are indicated in the top left corner of each
subfigure. The wave function localization of the highest occupied defect states are also shown at
an arbitrary isosurface value. It can be seen that defect states are localized on the p-orbitals of the
C-split interstitials containing the Ci atom. Green or red lobes represents the positive or negative
value of the wave function calculated in the Γ point. Colorkeys: big yellow balls – silicon, small
cyan balls – carbon, big green balls – aluminum

1+

2+
Ali
Ci

3+
Ali

Ali
Ci

Ci

Figure 5.2. The metastable complexes of the Ali Ci defect in different charge states: 1+ (left),
2+ (middle), 3+ (right). Corresponding charge states are indicated in the top left corner of each
subfigure. The wave function localization of the highest occupied defect states are also shown at
the same arbitrary isosurface value as in Figure 5.1 . It can be seen that defect states are localized,
also in this case, on the p-orbitals of the C-split interstitials containing the Ci atom. Colorkeys:
big yellow balls – silicon, small cyan balls – carbon, big green balls – aluminum

This suggests that the Ali (Ci )2 defect is thermally even more stable than the Ali Ci defect. In
the structure of the Ali (Ci )2 defect there is a ladder-like arrangement of carbon atoms in which
the two carbon interstitials are in between two carbon and two silicon atoms and strongly
deforms the crystal. I show the stable geometry of its various charge states in Figure 5.3 .
In the 3+ charge state, however, the carbon interstitials turn downwards resulting a carbon
chain-like structure. The Ali (Ci )2 defect significantly changes its geometry going from 2+ to
3+ charge state, therefore it is a bistable defect. It possesses deep defect levels, which again
arise from the p-orbitals of the carbon interstitials. However, the localization of the wave
functions in the high charge states are lower than in the case of the Ali Ci . I show the defect
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2+
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Ci

Ali

Ci

Ali

Ci
Ali
Ci

Figure 5.3. The stablest complexes of the Ali (Ci )2 defect in different charge states: 1+ (left),
2+ (middle), 3+ (right). Corresponding charge states are indicated in the top left corner of each
subfigure. The wave function localization of the highest occupied defect states are also shown at
the same arbitrary isosurface value as in Figure 5.1 . It can be seen that defect states are localized
on the p-orbitals of the two Ci atoms. Colorkeys: big yellow balls – silicon, small cyan balls –
carbon, big green balls – aluminum

levels in the band gap in Table 5.1 . The calculated (3+/2+) and (2+/+) occupation levels
are at EV + 1.8 eV and at EV + 2.1 eV, respectively, falling high in the band gap. They are
also shifted downward due to the uncertainty in the total energy of the charged supercells as
in the case of the Ali Ci defect.

5.3

Shallow aluminum acceptor related defects

As I mentioned before, aluminum at the silicon site (AlSi ) is a shallow acceptor in SiC. In
irradiated SiC samples, where the position of the Fermi-level is pinned to the midgap (EV +
1.8 eV), AlSi is negatively ionized, while the mobile carbon interstitial is neutral. To investigate
the AlSi -related defects, first, I put a Ci close to the AlSi − defect. I found that the stablest
structure is a tilted split configuration for Ci near the AlSi , which appears also for the isolated
Ci as well [15]. In this structure the Ci and its near neighbor C atom share a carbon-site. The
Ci atom has three bonds giving rise to a sp2 -like electronic configuration. The p-orbitals of
Ci , orthogonal to the C-C bond, yields a fully occupied level in the band gap in the 1− charge
state, see in Table 5.2 . The calculated binding energy of the AlSi Ci defect is −0.8 eV:
−0.8 eV

−−−−→ (AlSi Ci )− .
Al−
Si + Ci −

(5.3)

This result indicates that the defect is not formed. However, an additional mobile carbon
interstitial might create a stable complex with this defect through a kick-out mechanism. It
was found, that the P-T PL centers are formed in the early stage of irradiation [106], which
were later associated with the (C2 )Si defect by Gali et al. [14]. By using carbon and aluminum
co-implantation it might be expected, that in the in-irradiated region the diffusing Ali can have
sufficient kinetic energy to kick out one of the carbon atom from the (C2 )Si defect and forms
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the AlSi (Ci )2 defect. The binding energy of this process, without charge correction, is 5.8 eV:
5.8 eV

−
−−−→ (AlSi (Ci )2 )− ,
Al3+
i + (C2 )Si − 4e −

(5.4)

where e− is the electron with the energy of EF = 1.8 eV, assuming that the quasi Fermilevel is close to the midgap after irradiation. Since the charge correction would be larger for
the reactants than for the product, the product would be even more stable by using charge
correction. The obtained binding energy indicates a high thermal stability for this defect. I
show the stablest geometries of the AlSi (Ci )2 defect in different charge states in Figure 5.4 . In
the negatively charged state its structure is a ladder like structure, where the two interstitial
carbon atoms are connected to two silicon and two carbon atoms. The AlSi (Ci )2 defect in
the negatively charged state possesses two fully occupied defect levels in the band gap, see in
Table 5.2 . The first level is very close to the valence band edge, while the second one is a deep
acceptor level. The (AlSi (Ci )2 )+ defect has no defect level in the band gap. Defect levels are
localized on the two p-orbitals of the carbon interstitials and on the p-orbitals of the aluminum
atom, see in Figure 5.4 . The defect changes its configuration in the positively charged state,
i.e., the neutral charged state, as a function of the Fermi-level, is always less stable than the
charged ones. Therefore, this defect is a negative-U defect possessing a (+/−) level at around
EV + 1.3 eV. The negative-U property is usually connected with bistability as occurred here.
Occupation levels can be depicted on so-called occupation level or relative stability diagrams.
In these diagrams formation energy of charged structures are shown relative to the neutral
state, which is chosen to be at zero. According to (1.1), relative formation energies are linear
functions of the Fermi level (EF ):

q
0
.
∆Eform (q) = qEF − Etotal
− Etotal

(5.5)

Intersections of formation energy lines give a picturesque representation of the occupation
levels. I show the relative stability diagrams for the AlSi (Ci )2 and AlSi VC defects in Figure
5.5 (a) and (b), respectively. The red line symbolizes the neutral state. It can be seen, that
in the case of the AlSi (Ci )2 defect the (+) and (−) lines intersect under the neutral line, thus
showing the negative-U property of this defect, i.e., the corresponding charged structures are
always stable than the neutral one.
In irradiated SiC the carbon vacancy (VC ) may diffuse under high temperature annealing
and it can be trapped near the immobile AlSi forming the AlSi VC defect. The binding energy
of this defect, without charge correction, is 0.5 eV:
0.5 eV

−−−→ (AlSi VC )− .
Al−
Si + VC −

(5.6)

This is a relatively low binding energy compared to the previously discussed defects. However,
since the barrier energy for the diffusion of the isolated carbon vacancy is about 4 eV [108,109],
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1-

1+

Al
Ci

Al
Ci

Ci
Ci
Figure 5.4. The stablest complexes of the AlSi (Ci )2 defect in different charge states: 1− (left)
and 1+ (right). Corresponding charge states are indicated in the top left corner of each subfigure.
The wave function localization of the highest occupied defect state is also shown in the 1− charge
state at the same arbitrary isosurface value as in Figure 5.1 . It can be seen that defect states
are localized on the p-orbitals of the two Ci and their neighbor atoms. This defect is negative-U
defect possessing a (+/−) level at around EV + 1.3 eV. It can be also seen the bistability of its
geometry in the different charge states. Colorkeys: big yellow balls – silicon, small cyan balls –
carbon, big green balls – aluminum

(AlSi Ci )−

siesta

crystal

Shift

193.

+0.51

+0.68

+0.17

194.

+0.99

+1.21

+0.22

195.

+0.19

+0.36

+0.17

196.

+0.72

+0.91

+0.19

+1.30

+1.30

+0.00

(AlSi (Ci )2 )−

(AlSi VC )−
190.

Table 5.2. One-electron defect levels of the AlSi Ci , AlSi (Ci )2 and AlSi VC defects in the band gap
of 4H -SiC. The defect levels are given with respect to the valence band maximum of 4H -SiC. The
first column is the one-electron level number, the second and third columns contain energies of
the LDA and hybrid calculations, respectively.

the VC can be trapped by the AlSi defect even after very high temperature anneal. I show the
most stable configurations of the AlSi VC defect in Figure 5.6 . It has to be noted that the BSS
error is very small due to there is a vacancy in both sides of the equation above. It has two
defect levels deep in the band gap at about EV + 1.3-1.5 eV occupied by one electron in the
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Figure 5.5. Relative stability diagrams of the AlSi (Ci )2 (a) and of the AlSi VC (b) defects. Formation energy of charged structures are given relative to the formation energy of the neutral state,
that is chosen to be 0. Intersections of the lines give the various occupation levels. In the case of
the AlSi (Ci )2 defect the (+) and (−) lines intersect under the neutral line showing the negative-U
property of this defect, that is, the corresponding charged states are always more stable than the
neutral charge state.

neutral state, see in Table 5.2 . The electronic structure of this defect is very similar to that of
the BSi VC defect, that I have already investigated before [111]. In the on-axis configuration it
possesses a C3v symmetry. An e defect level appears in the band gap occupied by one electron,
while the fully occupied a1 level falls in the valence band. The stablest defect configuration in
the neutral charged state is an off-axis configuration, that can be seen in Figure 5.6 and Figure
5.7, possessing a C1h symmetry, which splits the e level of the on-axis configuration. The defect
levels are mainly localized on the Si dangling bonds in the carbon vacancy. In the 1+ charge
state there is no occupied level in the band gap. In the neutral state the defect shows C1h
symmetry where the symmetrically equivalent Si atoms form the long bond and the third Si
atom has a dangling bond. In the 1− and 2− charge states the symmetrically non-equivalent
Si atoms form a bridge by breaking the C1h symmetry and leaving the dangling bond on the
third Si atom close to the vacancy, see Figure 5.6 (middle). In the 3− charge state it shows
C1h symmetry again, where the highest occupied defect level has a′′ character, see Figure 5.6
(right). In that case the dangling bonds of the symmetrically equivalent Si atoms point toward
the vacancy. The localization of the wave functions on the Al-atom is small for all charged
states. The Al-atom tends to relax inward the vacancy by increasing the number of electrons
in the vacancy, see in Figure 5.7 . The calculated (+/0) and (−/0) occupation levels are at
about EV + 1.5 eV and EV + 1.6 eV, respectively. The (−/2−) and (2−/3−) levels are each
at about EV + 2.2 eV. I have to note, that these acceptor levels might shift upward due to
the uncertainty in the total energy of the charged supercell. Since the defect states are not
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localized on one atom, this energy shift in the calculated (−/2−) and (2−/3−) occupation
levels is around 0.1-0.2 eV.
1+

1-

3-

Al

Al

VC

Al
VC

VC

Figure 5.6. The stablest complexes of the AlSi VC defect in different charge states: 0 (left), 1−
(middle) and 3− (right). Corresponding charge states are indicated in the top left corner of each
subfigure. The place of the carbon vacancy is shown by the VC symbol in a circle. The wave
function localization of the highest occupied defect states are also shown at the same arbitrary
isosurface value as in Figure 5.1 . It can be seen that defect states are localized around the
carbon vacancy. Colorkeys: big yellow balls – silicon, small cyan balls – carbon, big green balls –
aluminum

+

-

Al

Figure 5.7. Charge density plot of the AlSi VC defect in the 3− charge state on two perpendicular planes near the carbon vacancy. In the charge density difference plot more positive areas
show, where electrons are more likely to be localized, whereas more negative areas correspond
to electron absence. It can be seen, that electrons are localized around the vacancy which is
right to the Al-atom (blue areas). Colorkeys: big yellow balls – silicon, small cyan balls –
carbon, big green balls – aluminum
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Discussion

In the previous sections I showed, that the shallow aluminum acceptor might form a stable
complex with two carbon interstitials, and certainly forms a stable complex with a carbon
vacancy. I also found, that the aluminum interstitial forms stable or metastable complexes
with one or two carbon interstitial(s). All these defects produce deep levels in the band gap. It
can be assumed, that these defects arise most probably in irradiated Al-doped SiC samples. In
this section I shall discuss the possible relations between these defects and the aluminum-related
DLTS centers mentioned in the Preliminaries section.
In heavily ion-implanted or in electron-irradiated Al-doped SiC samples relatively shallow
levels have been found between 0.15-0.5 eV [10, 12, 95, 103]. A DLTS trap with an activation
energy of 0.37 eV was also found in Al-doped SiC samples irradiated by low energy electrons, which displaced only the carbon atoms from their sites [104]. Based on this experiment
Matsuura and co-workers set-up the AlSi VC model for this DLTS center [104]. However, my
calculational results clearly show, that the AlSi VC defect has no such level in the band gap of
4H -SiC. I summarized the calculated occupation levels in Table 5.3 . The electrical activity of
this defect is originated from the Si-dangling bonds of the VC part of the defect, similarly to
the isolated carbon vacancy [89, 112–114]. Its (+/0) occupation level falls much higher than
EV + 0.37 eV in the gap. The calculated (+/0) and (0/−) occupation levels of AlSi VC are at
about EV + 1.5-1.6 eV, therefore, I rule out Matsuura’s AlSi VC model for the DLTS center at
EV + 0.37 eV. These levels, however, are very close to the measured DLTS level of trap A3
found in Al-implanted 4H -SiC samples [13]. The activation energy of trap A3 was measured
to be around 1.70 ± 0.10 eV showing a bump in the DLTS spectrum. Negoro and co-workers
Occupation level

Ali Ci

Ali Ci (meta)

Ali (Ci )2

AlSi (Ci )2

AlSi VC

(+3/2+)

+1.33

+0.98

+1.82

(+2/+)

+1.11

+1.27

+2.06

(+/0)

+1.73

+1.50

(0/−)

+0.79

+1.61

(−/2−)

+2.33

(2−/3−)

+2.16

(+/−)
(3+/+)

+1.26
+1.22

+1.55

+1.94

Table 5.3. Occupation levels of aluminum-related defects. Occupation levels are given with
respect to the valence band maximum of 4H -SiC. Values were corrected by the hybrid functional
calculations and are without charge correction.
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speculated [13], that trap A3 is equivalent of the P1 DLTS center at EV + 1.49 eV detected in
high purity CVD 4H -SiC layers, which was associated with the isolated carbon vacancy [115].
This cannot be disregarded since the electrical level of the isolated carbon vacancy is, indeed,
close to those of both, A3 and P1 DLTS centers. However, I propose the AlSi VC defect as
an appropriate alternative candidate for trap A3 . I also suggest that the AlSi VC defect is
one of the reasons of the imperfect activation rate of shallow aluminum acceptor based on the
following arguments:
• According to annealing studies, the EI5 EPR center, associated with the isolated carbon
vacancy [116], starts to move at about 1100 ◦ C [117], whereas trap A3 is stable up to
1700 ◦ C anneal at least. While the DLTS technique could be more sensitive tool than
the EPR, it seems reasonable, that the isolated VC is mobile even at 1700 ◦ C. Thus,
according to my calculations, the mobile VC can be captured by the immobile AlSi defect
forming the AlSi VC defect. This defect is thermally more stable than the VC defect. This
would explain the high thermal stability of A3 DLTS center.
• The calculated (+/0) and (0/−) occupation levels are very close to each other and fall
close to the measured ionization energy of trap A3 . The broad bump of the A3 signal
can be explained by the unresolved (+/0) and (0/−) levels.
The calculated occupation levels of the stable and metastable configurations of the Ali Ci defect are close to the measured ionization energies of traps A1 and A2 at EV + 0.82 eV and
EV + 1.01 eV, respectively [13]. I have to note, that I did not applied charge correction for
the calculation of occupation levels shown in Table 5.3 . This would, however, shift these levels
downward by about 0.2 eV . Although, the stability order of traps A1 and A2 is not well
explained by the Ali Ci defect. The thermal stability of traps A1 and A2 indicates a high dissociation barrier. The rate of diffusion3 of most of the dopants is too slow even at temperatures
as high as 1800 ◦ C [101]. This holds for the aluminum interstitial as well, indicating relatively
high energy barrier for diffusion. However, carbon interstitials can diffuse at much lower temperature than 1700 ◦ C . Since the calculated binding energy of the Ali Ci defect is only about
1.9 eV this complex may not be stable at very high temperatures. Nevertheless, in order to
univocally identify these centers additional information about the nature of A1 and A2 traps
is needed.
I showed, that the Ali Ci defect could capture an additional Ci and form an even more
stable complex. Its binding energy (EV + 2.9 eV) indicates that the Ali (Ci )2 defect may
be thermally stable up to 1700 ◦ C anneal. It is an electrically active defect with deep levels
around the midgap of 4H -SiC. In heavily Al-implanted regions also the AlSi (Ci )2 defect may be
created as well. This defect is also thermally very stable and it possesses a deep level at about
3

Basically, the rigid crystal structure of SiC prevents the diffusion of the dopants.
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EV + 1.3 eV . Beside AlSi VC the AlSi (Ci )2 defect is also a reason for the imperfect activation
rate of the shallow aluminum acceptor in the damaged region of Al-implanted SiC [97–99].
The origin of the relatively shallow levels, particularly, the very shallow acceptor centers,
that were measured by AS and contained one aluminum atom [12], cannot be explained by
my results. Some of the detected DLTS centers could be intrinsic defects in implanted SiC
samples, since experimentally it was not proven that those contained aluminum atom.
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Chapter 6

Small silicon clusters
6.1

Preliminaries

During the implantation of SiC vacancies and carbon and silicon self-interstitials are created as
well. The carbon interstitials (Ci ) had already been intensively investigated theoretically and
also experimentally. Photoluminescence measurements in electron irradiated SiC [106,118] and
ab initio supercell calculations [118–120] revealed that carbon interstitials are mobile and can
form small clusters with themselves or with carbon antisites. Furthermore, some of them have
already been positively identified. However, at the time of my thesis work, the knowledge about
silicon self-interstitials (Sii ) in SiC was scarce. Bockstedte and co-workers characterized the
isolated silicon interstitial in 3C -SiC by means of ab initio supercell calculations [6]. They found
that the neutral Si-interstitial is a slower diffuser than the C-interstitial, and both interstitials
recombine effectively with their vacancy counterparts [6]. Eberlein et al. proposed that selfinterstitials can also an important role in forming antisites in irradiated SiC [16, 24]. Based on
the calculated formation energies they predicted the following process. The mobile Ci creates
a split-interstitial with a carbon or a silicon atom alternatively. When it shares a site with a
silicon it can eject Sii and form a carbon antisite (CSi ). Finally, the ejected Sii can form a silicon
antisite (SiC ) and generate a new Ci , which generates a close-by antisite again. However, the
dissociation barriers were not calculated for these reactions, which would be an important issue
in the discussion of the creation of these antisites. In spite of this, they tentatively associated
the close and distant antisite pairs with the so-called alphabet PL lines [16]. The alphabet
PL lines are a series of 40 sharp zero phonon lines (ZPL) around 2.8 eV in 4H -SiC [17, 18]
and they seem to come from 12 defect centers. The ZPL transitions were associated with
the (0) → (+) transition of the SiC part of the antisite pairs [16]. Later, it was speculated
that the a, b, c and d lines are originated from the close-by antisite pairs, which annihilate
by another mechanism than the distant antisite pairs [23, 24]. The alphabet lines start to
anneal out at about 750 ◦ C. During the annealing they transform among themselves and at
higher temperature (1000-1300 ◦ C) they disappear into a new band, the so-called DI PL center.
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The DI center is one of the most important and disputed defects in implanted and electron
irradiated SiC [17,19–24], which shows an extremely high thermal stability. Later, the isolated
SiC is suggested which is created above 1200 ◦ C from the recombination of the carbon vacancy
(VC ) and Sii by Eberlein et al. [24]. However, the sources of VC and Sii are not clear at this
temperature. Since, it was shown by Bockstedte et al., that vacancies and interstitials are
recombining at much lower temperature [6]. It was speculated that Sii may form and come
from some silicon-related clusters.
It can be assumed, that silicon interstitials play an important role in implanted or irradiated
SiC. Therefore, I studied the isolated silicon interstitial and the small clusters of Sii and Ci by
ab initio supercell calculation in 4H -SiC in order to clear the role of silicon-related clusters. In
the time of my thesis work no experimental or theoretical evidence existed for the presence of
such type of silicon interstitial related clusters in SiC.

6.2

Method

Defects were modeled in the 96-atom 4H -SiC supercell. Stable configurations and the energetics
were determined by the siesta code. Defect levels, free of the LDA gap error, were obtained by
hybrid functional calculations of the crystal code. The correction method of the defect levels
and details of the simulations were presented in Section 3.4 . In order to help the experimental
identification of these defects vibrational modes were also determined. For the vibrational
modes the numerical derivative of the forces were calculated and all the atoms in the supercell
were allowed to move. Frequencies were obtained by the diagonalization of the dynamic matrix
in the siesta code.
The gap correction of the occupied defect levels modifies the total energy of the defect. As I
mentioned in the previous chapter, LDA total energies can be corrected by a non self-consistent
way by utilizing hybrid one-electron levels in the band gap. However, in the case of the silicon
and carbon self-interstitial clusters, due to their neutral charge state, binding energies could be
calculated from the total energy of the hybrid functional calculations. Moreover, occupation
levels were estimated by the so-called ∆EFC method. In the following I shall briefly describe
the details of this method.
q /q
The occupation level (q1 /q2 ) is the position of the Fermi-level (EF1 2 ) in the band gap
where the charge state of a defect changes in thermal equilibrium (adiabatic ionization). The
occupation level of a defect depends on the difference between the total energy of the q1 and
q /q
q2 charge state: E q1 − E q2 = (q2 − q1 ) EF1 2 . In this equation the total energy of the different
charge states should be compared, which is problematic within the supercell formalism due
to the problems of the charge correction. The ∆EFC method use the fact that the adiabatic
ionization energy, i.e., the occupation level, can be decomposed into two energies: (i) the
vertical ionization energy (I), which gives the energy needed to transfer the electron from the
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one-electron defect level to the CBM (in the case of ionization of the donor level, for instance),
and (ii) the Franck-Condon shift. Upon ionization of the defect level the geometry of the defect
relaxes, which lowers the formation energy of the ionized defect. The energy difference between
the total energy of the unrelaxed and of the relaxed structure is called the Franck-Condon shift
(∆EFC ). The difference of I and ∆EFC provides the occupation level:
q /q2

EF1

= I + ∆EFC

and ∆EFC = E q2 (q1 ) − E q2 (q2 ) ,

(6.1)

where E qi (qj ) is the total energy in the qi charge state in the geometry of the qj charge state
(unrelaxed), whereas E qi (qi ) is the relaxed geometry in the qi charge state. It has to be noted,
that the Franck-Condon shift is determined in the same charge state of the defect. Vertical
ionization energies were estimated by the position of the occupied defect levels in the band
gap, i.e., I ≈ Egap − εi , where εi is the occupied defect level with respect to the valence band
maximum. This type of calculations were successfully carried out for defects in a wide band
gap material (HfO2 ) by Gavartin et al. [121].
In my calculations I performed the following method: every charge state were relaxed by
the siesta code in order to get the stablest geometries. Then the various relaxed and unrelaxed
configurations were recalculated by the hybrid functional built in the crystal code. Finally,
Franck-Condon shifts were calculated from these hybrid functional total energies. Ionization
energies were estimated by one-electron levels yielded by the hybrid functional calculations.
The complete list of the relevant defects can be found in Appendix B.3 .

6.3

Isolated silicon interstitials

First, I investigated the isolated silicon interstitial (Sii ) in 4H -SiC. Previously, Bockstedte et
al. investigated this defect in detail in 3C -SiC by means of LDA supercell calculations [6].
They showed that Sii is in the 4+ charge state in p-type material at the so-called TC position,
where the silicon interstitial is caged by four carbon atoms. Using the formation energies
obtained in 64-atom and 216-atom supercells they predicted, that the formation energy of
Sii 4+ follows the Makov-Payne correction in 3C -SiC, which is sizeable even in a 216-atom
supercell. As a consequence, in midgap and n-type 3C -SiC the Sii is stable as a h110i-splitinterstitial and its charge state is neutral above the midgap in 3C -SiC [6]. In 4H -SiC I found
that the Sii 4+ defect went to an empty place of the 4H -SiC lattice, where it was caged by four
carbon atoms similarly as in 3C -SiC. In order to investigate the validity of the Makov-Payne
charge correction I checked the formation energy of Sii 4+ in a 576-atom 4H -SiC supercell. It
turned out that the charge correction is significant and within 0.1 eV it scales with the MakovPayne correction. This finding basically agreed with the result obtained in 3C -SiC using
smaller supercells by Bockstedte et al. [6]. I have to note, that this result was obtained by
LDA calculations. Nevertheless, the Sii 4+ has no defect levels in the band gap, thus no gap
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Si
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Siik
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Figure 6.1. Structures of the most stable neutral silicon-interstitial configurations: splitinterstitial structure at the cubic site (left) and Sii in an empty space of the lattice at the hexagonal
site (right). The silicon interstitial atoms at cubic (k) and hexagonal (h) initial positions are labeled. Colorkeys: big yellow balls – silicon, small cyan balls – carbon

correction is necessary. As a consequence, the Sii is in the neutral charge state in irradiated
n-type 4H -SiC similarly as in 3C -SiC.
Secondly, I studied the silicon split-interstitials. As I mentioned in the introductory chapter
there are two inequivalent substitutional sites in 4H -SiC: the cubic (k ) and the hexagonal (h)
site, the latter, by character, does not occur in 3C -SiC. I shall denote the silicon interstitial
at the cubic or hexagonal site with Siki and Sihi , respectively. I found that the most stable
configuration at the cubic site is a split-interstitial structure with C1h symmetry, similarly as
in 3C -SiC, see Figure 6.1 (left). At the hexagonal site, the split-interstitial position is only a
metastable configuration. I found that Sii in an empty space of the lattice at the hexagonal site
caged by carbon atoms is slightly more stable, as shown in Figure 6.1 (right), called hexagonalcaged structure. Whereas, the hexagonal-caged structure is slightly less stable than Sii at the
cubic site in the split-interstitial structure.
Both structures have two fully occupied deep levels in the band gap localized around the
interstitial silicon atom. These levels are at EV +1.4 eV and EV +1.7 eV in the cubic configuration, and at EV + 1.3 eV and EV + 1.5 eV in the hexagonal-caged configuration. I summarized
the calculated LDA and hybrid functional defect levels of both configurations in Table 6.1 . The
calculated (2+/+) and (+/0) occupation levels of the cubic configuration are at EV +1.3 eV and
at EV + 1.8 eV, respectively. The hexagonal-caged configuration strongly relaxes upon ionization resulting in a (2+/0) negative-U occupation level at EV + 2.3 eV. I also found an empty
defect level in the band gap for these defects. The calculated (0/−) occupation level for the
cubic or hexagonal-caged configurations are at about EV + 2.6 eV in both cases. I have to
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Siki

siesta

crystal

Shift

193.

+0.97

+1.38

+0.41

194.

+1.15

+1.72

+0.57

193.

+0.99

+1.26

+0.27

194.

+1.14

+1.52

+0.38

Sihi

Table 6.1. One-electron defect levels of silicon interstitials in the band gap of 4H -SiC. The defect
levels are given with respect to the valence band maximum of 4H -SiC. The first column is the
one-electron level number, the second and third columns contain energies of the LDA and hybrid
calculations, respectively.
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Figure 6.2. Relative stability diagrams of the Siki (a) and the Siki -Sihi (b) defects. Formation
energy of charged structures are given relative to the formation energy of the neutral state, that
is chosen to be zero. Intersections of the lines give the various occupation levels.

note that this occupation level is above the band gap of 3C -SiC and, indeed, Bockstedte and
co-workers did not report acceptor level for the silicon interstitial in 3C -SiC [6]. According to
the calculations, Sii 4+ dominates in p-type 4H -SiC, while Sii is a neutral split-interstitial defect
in moderate n-type or in heavily irradiated 4H -SiC. I show the relative stability diagrams of
these defects in Figure 6.2 (left) and Figure 6.3 (left).
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Figure 6.3. Relative stability diagrams of the Sihi (left) and the Sihi -Sihi (right) defects. Formation
energy of charged structures are given relative to the formation energy of the neutral state, that
is chosen to be zero. Intersections of the lines give the various occupation levels. It can be seen,
that the Sihi defect has a negative-U (2+/0) occupation level.

6.4

Silicon interstitial clusters

Previously, Bockstedte et al. showed that the barrier energy for diffusion of neutral Sii is about
1.3 eV in SiC [6]. Thus, at sufficiently high temperature silicon interstitials can move in the
silicon carbide crystal. The diffusing silicon interstitials may meet with each other and can
form clusters. I investigated the smallest aggregates of these silicon clusters. I put an other
Sii next to the isolated Sii at both sites discussed in the previous section. More than 10 initial
configurations were investigated. I found two stable and several metastable structures after
geometry optimizations. In Figure 6.4 I show the metastable structures with ascending order of
stability with respect to the most stable one. The two stablest structures are shown in Figure
6.5 (top). Initially, the isolated Sii was at the cubic site in Figure 6.5 (top left), while it was at
the hexagonal site in Figure 6.5 (top right). Therefore, in the following I shall call them cubic
and hexagonal structures, respectively.
According to the calculated total energies the cubic structure is more favorable by 0.06 eV
(hybrid value) than the hexagonal one. The cubic structure consists of a tilted trigonal silicon
cluster, where the Sii atoms significantly push the neighboring carbon atoms outwards, see
Figure 6.5 (top left). The configuration of the hexagonal structure possesses C1h symmetry
and resembles to the cubic structure of the isolated Sii , see and compare Figure 6.5 (top right)
and Figure 6.1 (top left). Both defects are electrically active. They have four occupied defect
levels in the band gap, mostly localized on the Sii atoms and their near-neighbor atoms, see
Table 6.2 . There is also an empty defect level in the gap in both cases. The calculated (+/0)
and (0/−) occupation levels for both defects are at (+/0): EV +1.6 eV, (0/−): EV +2.4 eV and
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(+/0): EV +2.0 eV, (0/−): EV +2.4 eV for the cubic and the hexagonal structure, respectively.
The calculated binding energy for both configurations is around 3.2 eV. By using a simple
approximation method from Eberlein et al. [24] the corresponding annealing temperatures
can be predicted. Besides their basic assumptions, I used the following approximation: the
lower limit for the dissociation energy is the sum of the calculated binding energy and the
migration barrier energy for the silicon split-interstitials [6]. With this barrier energy (1.3 eV)
the annealing temperature of these defects is between 1000 ◦ C and 1300 ◦ C provided that

Siih
Si
Si

C

Siih

Siik
Siih

C

+ 0.88 eV

c-axis

+ 0.94 eV

Siih

Si

C

Siik
Siih

Siih

Si

C

+ 0.85 eV

+ 0.86 eV

Figure 6.4. Structures of the metastable Sii -Sii defects in the neutral charge state. The silicon
interstitial atoms at cubic (k) and hexagonal (h) initial positions are labeled. The atoms in
the forefront are semi-transparent in order not to hide the other atoms behind. Values below the
figures are the calculated LDA total energy in eV with respect to that of the stablest Sii -Sii defect.
Colorkeys: big yellow balls – silicon, small cyan balls – carbon
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c-axis

Cubic

Cubic

Siih
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Si
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Arbitrary Unit

Siih

Hexagonal

Si

Frequency (cm-1)
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Figure 6.5. Structures of the stablest Sii -Sii defects (top). The silicon interstitial atoms at cubic
(k) and hexagonal (h) initial positions are labeled. The atoms in the forefront are semi-transparent
in order not to hide the other atoms behind. The corresponding calculated local vibration modes
in the phonon gap are shown below the defect structures. The calculated phonon bands of the
perfect SiC crystal is shown by grey shades in the spectra. The symmetric modes are marked with
arrows. Intensities are related to the phonon density of states and does not involve the excitation
probability. Colorkeys: big yellow balls – silicon, small cyan balls – carbon

the annealing time is between 60 and 1 minutes. This temperature range is, indeed, around
1200 ◦ C where the generation of the DI center is starting. Thus, it is a feasible process that
Sii is ejected from such silicon-related clusters and involved in the formation of the DI center.
In order to help the experimental identification of these defects, I also calculated the local
vibration modes (LVMs) for these defects. The calculated(experimental) phonon gap and
phonon top modes are 621(610)-756(774) cm−1 , and 928(968) cm−1 . I found several new
modes in the phonon gap, which arise due to the Sii -Sii bond. In the case of the hexagonal
structure with C1h symmetry, the symmetric and asymmetric modes can be separated. In
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siesta

crystal

Shift

193.

+0.13

+0.32

+0.19

194.

+0.82

+1.12

+0.30

195.

+0.90

+1.23

+0.33

196.

+0.98

+1.33

+0.35

193.

+0.33

+0.66

+0.33

194.

+0.68

+1.10

+0.42

195.

+0.81

+1.19

+0.38

196.

+1.46

+1.91

+0.45

Sihi -Sihi

Table 6.2. Defect levels of small silicon clusters in the band gap of 4H -SiC. The defect levels are
given with respect to the valence band maximum of 4H -SiC. The first column is the one-electron
level number, the second and third columns contain energies of the LDA and hybrid calculations,
respectively.

Figure 6.5 (bottom) I show the relevant part of the phonon gap with the corresponding local
modes. Symmetric modes, marked by arrows, are coupled with a PL process, thus those lines
can be detected experimentally. The calculated symmetric modes in the phonon gap are at 650,
695, 705, 728 cm−1 . Due to a frustrated carbon atom pushed away by the silicon interstitials,
LVMs appear just above the calculated phonon top mode. I found 6 modes above the phonon
top from about 930 cm−1 up to 970 cm−1 for both defects. I predict that these lines above the
calculated phonon top may be detected by PL measurements, however, due to the inaccuracy of
the calculations it is not possible to unambiguously conclude whether these modes will be really
found by experiments. Nevertheless, one might consider that the Sii -Sii defect can possess local
vibration mode(s) just above the phonon bands. Later, indeed, PL enters were detected by
Prof. Steeds that might be associated with the calculated defects [122, 123].

6.5

Silicon and carbon interstitial clusters

In irradiated SiC samples carbon interstitials (Ci ) are also created, which are mobile species
in SiC, thus they can reach and form complexes with silicon interstitials. Bockstedte et al.
showed that the Ci is the fast diffuser in SiC [6]. The calculated barrier energy for diffusion of
Ci is about 0.5 eV [6]. I investigated the most simple structures with one carbon and one silicon
interstitial. I put a Ci around the two most stable structures of the isolated Sii presented in
the previous section. More than 10 initial configurations were calculated. I found that in the
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most stable structure the Ci is near the hexagonal Sii , see in Figure 6.6 . In this configuration
two silicon and two carbon atoms form a rectangular-like shape. It has to be noted, that this
rectangular structure is not a symmetric configuration, i.e., the four atoms are not in a plane:
the lower right corner of this structure is tilting and screwing out from the C1h reflection-plane
due to a long Si-Si bond. I found other six metastable configurations, which are with about
1.0-1.3 eV less favorable than the most stable one. I show the metastable configurations in
Figure 6.7 .
The calculated binding energy of the most stable configuration is 4.27 eV predicting that this
structure is very stable even at high temperatures. As a consequence, a family of Sii -Ci defects
should exist in irradiated SiC, which may be the origin of the unidentified PL centers. Using
the migration barrier of Ci (0.5 eV) the annealing temperature of the stablest configuration is
estimated to fall between 1200 ◦ C and 1400 ◦ C provided that the annealing time is between
60 and 1 minutes, respectively. This temperature range is also close to, but a bit higher, than
the temperature at which the DI signal begins to raise. However, the dissociation of this defect
produces both, carbon and silicon interstitials as well. Since Ci is a faster diffuser than Sii in
n-type SiC [6], most probably the Ci and not the Sii would meet first with a carbon vacancy.
Thus, this defect is rather a drain of carbon vacancies needed for the formation of the DI center
than the source of it, assuming that the silicon antisite is the right model for the DI center.

siesta

crystal

Shift

195.

+0.39

+0.63

+0.24

196.

+0.77

+1.07

+0.30

Sii -Ci

Table 6.3. Defect levels of the stablest Sii -Ci defect in the band gap of 4H -SiC. The defect
levels are given with respect to the valence band maximum of 4H -SiC. The first column is the
one-electron level number, the second and third columns contain energies of the LDA and hybrid
calculations, respectively.

12 C 12 C
i

13 C 12 C
i

12 C 13 C
i

13 C 13 C
i

1548

1508

1548

1507

1066

1066

1037

1037

1000

986

1000

978

977

977

Table 6.4. The calculated highest local vibration modes with and without 13 C
isotope substitution for the Sii -Ci defect. The local vibration vibration modes are
given in cm−1 .
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Cih

Hexagonal

Nevertheless, this defect should exist in irradiated SiC. The Sii -Ci defect has two deep, fully
occupied levels in the band gap, and a third one just appears very near to the valence band
maximum in the hybrid functional calculation. These defect states are strongly localized on
the Ci and Sii atoms and their first neighbor atoms. There is also an empty acceptor in the
band gap. Upon ionization of the occupied defect level the Sii -Ci defect strongly relaxes, and

Si
C

c-axis

Cubic

Siih

Modes above phonon bands

Arbitrary Unit

Arbitrary Unit

Phonon gap modes

Frequency (cm-1)

Frequency (cm-1)

Figure 6.6. The most stable structure of the Sii -Ci defect (top left) and its relative stability
diagram (top right). Formation energy of charged structures are given relative to the formation
energy of the neutral state, that is chosen to be zero. Intersections of the lines give the various
occupation levels. The carbon and silicon interstitial atoms at cubic (k) and hexagonal (h) initial
positions are labeled. The corresponding calculated local vibration modes in the phonon gap
(bottom left) and above the phonon bands (bottom right) are shown in the bottom two separate
panels. The calculated phonon bands of the perfect SiC crystal is shown by grey shades in the
spectra. The calculated phonon bands of the perfect crystal is shown in grey. Intensities are
related to the phonon density of states and do not involve the excitation probability. Colorkeys:
big yellow balls – silicon, small cyan balls – carbon
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it has a negative-U (2+/0) level at EV + 2.0 eV. The (0/−) acceptor occupation level is at
about EV + 2.4 eV. Due to C-C bonds, part of this defect, high local vibration modes are
expected to appear. I found stretch modes, indeed, at 1548, 1066, and 1000 cm−1 above the
phonon top. The C-C part of this defect seems to be similar to the di-carbon interstitial
defect [15, 119], where the Ci atom has two neighbor Si atoms while the neighbor C-atom has
three Si back-bonds. Therefore, different local vibration modes are expected when Ci or its
near neighbor C-atom is substituted by a 13 C isotope. The 13 C isotope shifts in the local
vibration modes are characteristic for this defect. In 13 C-enriched SiC even both carbon atoms
can be substituted with a high probability. I investigated every possible configuration. The
Ci atom is responsible mainly for the highest mode. By 13 C substitution this mode shifts to
1508 cm−1 . The C-atom next to the Ci atom is responsible for the second highest mode which
shifts to 1037 cm−1 if that C-atom is substituted by a 13 C isotope. The third highest mode
shifts to 986 cm−1 and 978 cm−1 if Ci or both carbon atoms were substituted by a 13 C isotope.
I summarized the calculated LVM frequencies in Table 6.4 . There are 8 local vibration modes
above the calculated phonon band. These modes basically arise from the movements of the
first neighbor atoms of the carbon atoms in the core of the defect and the isotope substitution
does not effect them significantly. These modes are close to the top of the optical branch
mode, however, within the accuracy of the calculations, it cannot be certainly concluded even
the exact number of modes that would be measured in experiments. Nevertheless, this defect
produces a rich spectrum also in the phonon gap mainly due to the Si-Si bonds. Only the
lowest gap mode shifts about 2 cm−1 at most due to 13 C isotope substitutions. I predicted
that this defect could be detected by PL if silicon interstitials are created in the SiC sample
during irradiation.
Siki

Sihi

(+2/+)
(+/0)
(0/−)
(−/2−)

+1.34
+1.77
+2.57

+2.69
+2.03
+2.55

(2+/0)
(0/2−)

+1.55

+2.36

Occupation level

Siki -Sihi
+1.56
+2.40

Sihi -Sihi

Sii -Ci

+2.04
+2.43

+2.35
+1.62
+2.40
+2.47
+1.98
+2.43

Table 6.5. Occupation levels of Sii - and Ci -related clusters. Occupation levels are given with
respect to the valence band maximum of 4H -SiC. Values were calculated from the hybrid functional
results by the ∆EF C method.
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Discussion

The atomistic processes in irradiated and subsequently annealed SiC are quite complex. Former
ab initio supercell calculations showed, that vacancy-interstitial recombination takes place first
due to fast diffusion of carbon and Sii 4+ interstitials. Simultaneously carbon interstitials can
form stable complexes [108]. Bockstedte and co-workers also pointed out that at elevated
temperatures carbon interstitials can be emitted from the carbon clusters, which may recombine
with the survived vacancies [108]. However, the formation of silicon clusters from the fast
diffuser Sii 4+ is hindered by repulsive Coulomb-interaction. I showed, that if the annealing
temperature was sufficiently high, then the neutral Sii starts to move and forms clusters in
4H -SiC. However, this process is not expected to take place in p-type 4H -SiC, where Sii is
in (4+) state. It is very difficult to estimate even the relative concentration of the carbon
and silicon interstitial clusters in irradiated and annealed SiC because the defects are created
in non-equilibrium concentrations. However, since Ci diffuses faster than the neutral Sii ,
the concentration of the carbon clusters are expected to be higher and they appear more
frequently in irradiated SiC than silicon clusters. Photoluminescence measurements may reveal
the existence of these defect. A characteristic feature of the silicon interstitial clusters is that
they are thermally stable defects and possess only low local vibration modes. Phonon gap
modes are characteristic for these defect, and possibly one or more modes can be detected just
above the phonon optical branch mode.
Carbon interstitials are often captured by carbon antisites forming very stable defects
[21, 118, 120]. I found that silicon interstitials can also form stable complexes with carbon
interstitials. The Sii -Ci complex produces high local vibration modes, as well as gap modes,
and may be related to one of the PL centers later found by Prof. Steeds [124]. Since the
carbon interstitial is the fast diffuser component, this defect may form at similar annealing
temperature as the carbon clusters, provided that silicon interstitials are also formed during
irradiation.
Eberlein et al. suggested the isolated silicon antisite (SiC ) for the model of the DI center.
They also explained the rise of the signal of the DI center above 950 ◦ C by the recombination
of VC and Sii defects forming the isolated SiC antisite [24]. I predicted that the stablest silicon
interstitial cluster dissociates above 1000 ◦ C. The DI signal is starting to increase at about
this temperature. I showed that above 1000 ◦ C silicon interstitials can exist in 4H -SiC, that
may support the idea of Eberlein et al., that silicon interstitials play an important role in the
formation of the DI center [24] by assuming that the isolated SiC antisite is the right model
for the DI . However, I showed that this process cannot be effective at annealing temperatures
above 1200 ◦ C, where the Sii -Ci defect dissociates. Since carbon interstitial is the fast diffuser,
thus it is more likely, that it can recombine first with the carbon vacancy. In addition, many
carbon clusters dissociate close to this temperature releasing carbon interstitials [106], which
compete out the slower Sii defects. It has to be noted, that the intensity of the PL signal has
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no direct relation with the concentration of the defect. It is known, that almost all the other
PL signals beside that of the DI center disappear at annealing temperatures above 1200 ◦ C.
The further rise of the DI signal above that temperature does not necessary imply the increase
of the concentration of the DI defect but may be explained by the disappearance of other
recombination channels in the PL process.
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Figure 6.7. The metastable complexes of the Sii -Ci defect. The atoms in the forefront are
semi-transparent in order not to hide the other atoms behind. Values below the figures are the
calculated LDA total energies in eV with respect to that of the stablest Sii -Ci defect. Colorkeys:
big yellow balls – silicon, small cyan balls – carbon
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Chapter 7

Nitrogen passivation of traps at the
SiC/SiO2 interface
7.1

Preliminaries

Since silicon carbide possesses the great advantage of having silicon dioxide (SiO2 ) as its native oxide, thus SiC-based power metal-oxide-semiconductor (MOS or MOSFET) devices are
expected to have great potential for-high speed and low-loss applications. However, in the time
of my thesis work they still did not work reliable for practical applications. The reason is the
much too low channel mobility, which is mostly due to the high interface state density (Dit ) at
the SiC/SiO2 interface [125]. In comparison with silicon the density of interface states at the
Si/SiO2 interface is, usually, around 1010 -1011 cm−2 eV−1 , whereas at the SiC/SiO2 interface
it exceeds 1013 cm−2 eV−1 in the vicinity of the conduction band of 4H -SiC. It is important to
note, that in practical applications mainly the 4H -SiC is used because the electron mobility is
the highest in this polytype and it is more convenient to produce than the other polytypes of
SiC. In the following I shall use SiC/SiO2 as a synonym for 4H -SiC/SiO2 . Even though the
oxide appears to be identical to that grown on silicon, the oxidation process in the presence
of carbon is obviously different, and leads not only to a higher defect density at the interface,
but apparently to different defects as well [126]. Unfortunately, the usual thermal oxidation
produces an unacceptably high density of interface states. Unlike the case of the Si/SiO2 interface, annealing in H2 does not lead to any appreciable passivation of the interface states
for SiC/SiO2 [25]. This suggests, that not the well-known Si dangling bonds (Pb centers) contribute to the Dit as in the case of the Si/SiO2 interface but other, presumably carbon related,
defects. Experimental findings showed, that interface traps can be classified into fast and slow
states at the 4H -SiC/SiO2 interface [126, 127]. Fast states are deep states and are assumed to
be caused by carbon excess at the interface, while the slow electron traps, called near-interfacetraps (NITs), are expected to originate from oxide defects near the interface. The Dit can be
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Figure 7.1. The contribution of interface and oxide defects to the observed Dit (E) (left), and
the schematic representation of the band lineup between 4H -SiC and SiO2 (right). The right
figure shows the pictorial representation of the flat band condition, where valence band maxima
and conduction band minima are abruptly joined together. Later, Devynck et al. showed by
ab initio calculations that the full oxide band gap is recovered within 5 Å from the interface
supporting the abrupt nature of the interface [128]. The positions of the highest occupied (thick
solid line) and the lowest unoccupied (thick dotted line) defect levels in the neutral state are shown
for interstitial carbon dimers at the interface and in the oxide. The (0/2−) occupation level of
the interstitial oxygen in SiO2 (dashed line) is also shown.

divided into several parts or broad peaks: under EV + 1.5 eV there are the D1 and D2 deep
donor states, while above the midgap there are the D3 and D4 deep acceptor states, and in
the vicinity of the conduction band edge of 4H -SiC interface states end in the high density of
NITs. I show the summarized experimental data of interface traps in Figure 7.1 (left).
It was found, that significant reduction of the interface trap density can be achieved by
nitridation, either by oxidation [26–28] or by post-oxidation annealing [27–32] in nitrogen containing gas. Among the possible nitrogen precursors1 NO gave the best effect. Since the NO
molecule itself can easily dissociate, atomic oxygen may also play an important role in diminishing interface traps, and indeed, reduction of the Dit was also shown experimentally upon
ozone treatment [129]. Atomic nitrogen also has a positive effect, similar to NO, as found in
post-oxidation N-plasma treatments [130] or in increased near surface N-doping of SiC prior
to oxidation [131, 132]. The effect of nitrogen is interpreted entirely in terms of its interaction
with the assumed carbon excess at the interface [30, 133] and was shown to be much stronger
on the NITs (a factor of 10-15), than on the deep states (a factor of 3-4) [26]. Based on Xray photoelectron spectroscopy (XPS) measurements, it was proposed that nitrogen dissolves
the carbon clusters and helps the removal of carbon from the interface [31, 134]. Experimental findings indeed showed that deep states are related to carbon at the interface, and
they can be almost completely removed by re-oxidation plus NO plus atomic hydrogen treat1

In practice, for safety reasons N2 O is used.
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ment [26–28, 30–32, 129, 133]. However, the case of the much more detrimental NITs is more
complicated. Apparently, re-oxidation even increases them, while nitridation more effectively
decreases them than the deep states. The fast oxidation in the presence of metal impurities
seems to eliminate them. I will show that the balance between the possible nitridation channels
and also between the different possible reactions in these channels depends very much on the
Fermi-level position with respect to the defect levels. Beside the doping of the semiconductor
and the oxidation temperature, the latter is very sensitive to band bending effects due to the
fixed oxide charge. This is the reason why the results of nitridation experiments are difficult
to interpret and are often controversial. Nevertheless, it is well proven that NITs are acceptor
defects in the oxide, distributed locally from the interface into the bulk of the oxide. They
were found in a CVD oxide, and even in the Si/SiO2 system as well, indicating that they are
not necessarily connected to the thermal oxidation procedure of SiC, and are possibly even
intrinsic defects of SiO2 .
Knaup et al. thoroughly investigated the oxidation mechanism of 4H -SiC, as well as the
typical defects occurring at the SiC/SiO2 interface by means of ab initio supercell calculations.
They found that deep states, belong to the D1 peak, and can be explained by double-bonded
carbon dimers (Ci = Ci ) at the interface, while for the features of the D2 and D3 peaks
the (Ci )C split interstitials, in which the carbon interstitial is sharing a carbon site with a
lattice atom close to the interface, can be accounted [33, 34]. They speculated that the carbon
dimers can eventually grow into the oxide and give rise to acceptor states. They carried out
a systematic study of defects in SiO2 to search for the origin of the NITs [34, 135]. They
found that D4 and NIT acceptor states can be explained by silicon interstitials and carbon
dimers (CO = CO ) in the oxide, respectively. Knaup et al. suggested the following reaction
sequence for 4H -SiC oxidation, where the critically important carbon dimers are produced with
an energy gain of about 5 eV:
SiC/SiO2 : 4e− + SiO2 : 2O2
1.
2.
3.

→ SiC/SiO2 + SiO2 : 2O2−
2

−
→ SiC/SiO2 : [2(VC O02 + (Ci )−
C ) + 2e ] + SiO2

(7.1)

→ SiC/SiO2 : [(2VC O02 + (Ci = Ci )0 ) + 4e− ] + SiO2 .

Initially, oxygen molecules reach the interface. By assuming the so-called flat band condition
for the band alignment at the interface, i.e., valence band maxima and conduction band minima
are abruptly joined together, see Figure 7.1 (right), then in the vicinity of the interface carrier
exchange with the semiconductor becomes possible and electrons can be obtained with energy
of the EF . Later, Devynck et al. showed by ab initio calculations, that the full oxide band gap
is recovered within 5 Å from the interface supporting the abrupt nature of the interface [128]
that was also shown by internal photoemission measurements [136, 137]. Approaching oxygen
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molecules, in the 1st step of the above reaction sequence, gain electrons and become negatively
charged, then in conjunction with oxidation, carbon-related defects are produced. First, the
mobile (Ci )C defects are created in the 2nd step. Then, in the 3rd step the really harmful
and immobile Ci = Ci dimers, that are responsible for the D1 peak, are produced. These
reactions are constantly generating the carbon-related defects and simultaneously the VC O2
defect during the oxidation process. This latter defect is produced when interstitial carbon is
ejected upon capture of a an O2 molecule. This defect is electrically inactive.
I summarized the final conclusions of Knaup et al. in comparison with the experimental
results of the Dit in Figure 7.1 (left). I assumed that these defects are introduced during the
oxidation at the interface and nitrogen related molecules or defects can interact with them
under nitridation. I determined the corresponding charge states, occupation levels and binding
energies of nitrogen related defects in order to analyze the possible reaction mechanisms of
nitrogen passivation in n-type 4H -SiC. Before presenting my results I shall summarize the
method used in the calculations.

7.2

Method

Modeling the evolution of the SiC/SiO2 interface is not an easy computational task. Nevertheless, DFT molecular dynamics on sizeable models were still possible at the time of my
thesis work, however, the simulation time necessary to observe all statistically significant events
required very demanding simulations [138]. Instead, I applied a quasi-static approach, i.e., relevant defects were calculated either in an interface model or in a bulk SiO2 model. After
that, reactions with both type of defects were considered under the flat band condition of the
interface. The 4H -SiC/SiO2 interface was modeled by a simple 2D-periodic (slab) model of a
perfect portion of the interface, consisting of four (0001) double layers of 4H -SiC (128 atoms)
with two layers of SiO2 (48 atoms) attached to the Si-face. The top and the bottom side of the
model were saturated by hydrogen atoms. I show the perfect model of the interface in Figure
3.1 . At the time of my thesis work this was the only model for the SiC/SiO2 interface that was
created by Zoltán Hajnal [33, 34]. The goal was to construct an abrupt but defect (lone-pair)
free interface and stoichiometric oxide layer. Later, Devynck et al. constructed a better model
containing a larger SiO2 layer with the proper experimental density of SiO2 [128]. However,
this new model contains oxygen lone-pairs.
To increase the computational efficiency, a multi-level approach was used. The total energy
of the defects were obtained in three steps: (i) first, geometries were pre-relaxed by the very fast,
density functional based tight-binding DFTB code [139–141]; (ii) secondly, to get LDA total
energies, geometries were refined by the siesta code; (iii) and finally, in order to get accurate
one-electron energy levels in the band gap, LDA-relaxed structures were recalculated by the
crystal code using the hybrid functional. The LDA total energies were then corrected by the
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non-selfconsistent method as explained in Section 3.3 . Simulation parameters and basis sets
were the same as they were in the case of the 4H -SiC calculations also described in Section 3.3 .
Besides the non-selfconsistent correction of the LDA total energies another problem arises from
the comparison of defects in the two independent supercell models (interface and bulk SiO2 ). As
mentioned before, to avoid this problem the flat band condition was assumed as shown in Figure
7.1 (right). It has to be noted that, due to the pseudopotential approximation, the valence
band offset calculated in the different models is smaller by 0.82 eV than the experimental value.
Therefore, this value has to be added to the reaction energies where electrons are transferred
into the oxide from the silicon carbide. Due to the lack of proper charge correction for complex
defects charge correction was not applied at all. It can be estimated from previous results
obtained in bulk 4H -SiC, that the charge correction would result around 0.2 eV uncertainty in
the calculated reaction energies or occupation levels.

7.3

Results and discussion

Investigation of the nitridation mechanism of interface states is a difficult task, because both
oxidation in an (NO+O2 ) mixture and a post-oxidation annealing in NO are effective as mentioned before. Since reduction of the interface states was reported after an N-plasma treatment,
or by nitrogen pre-implantation and also after annealing in ozone, therefore, beside reactions of
the NO molecule, also those of atomic nitrogen and oxygen should be considered in conjunction
with the O2 molecule reactions as well. Previous theoretical calculations showed, that atomic
oxygen in the oxide became negatively charged near the interface under the flat band condition.
The atomic N and the NO molecule have an odd number of electrons, thus they form levels
in the band gap of SiO2 . I investigated large number of various defect configurations, which
might be produced when the species introduced prior, during or after the oxidation and interact
with the interface. I assumed that NO molecules can reach the interface from the oxide, that
can lead to the following presumable reaction routes:
• Dissociation of the incoming and outgoing species in the oxide, O2 , NO and CO, CN,
respectively
• Incorporation reactions at the interface without the emission of host atoms
• Reactions in which an emitted host carbon atom leaves the interface in the form of a CO
or CN molecule
• Reactions with the emission of carbon or silicon interstitial, considering the incorporation
of both at the interface or into the oxide, in addition, the possible interactions and
complex formations of emitted carbon atoms at the interface.
In the vicinity of the interface, where carrier exchange with the semiconductor becomes possible,
the charge states of the defects will also depend on the Fermi-level of SiC. Consequently,
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reaction energies will also depend on the actual Fermi-level position, making the analysis of
the situation very complicated. Therefore, a Fermi-level range should be given for each reaction
where it is considered to be a feasible process. In order to assess possible reaction outcomes,
charge state of the various reaction constituents have to be determined in the considered Fermi
energy range. It has to be noted, that the desirable MOS transistor should have an n-channel
in p-type material to utilize the higher mobility of electrons. Experimental information on the
electron trapping process has, therefore, been largely gathered on MOS capacitors made of ntype material. In the typical doping range of 1015 -1016 cm−3 and at the usual temperatures of
oxidation and nitridation (∼ 1100 ◦ C) the Fermi-level2 is between EV +1.9-2.2 eV, respectively,
where EV is the valence band maximum of 4H -SiC.
Before I show the results of possible nitridation mechanisms, I shall discuss the important
nitrogen-related defects. The complete list of the relevant defects can be found in Appendix
B.4 . I have to note, that beside these nitrogen-related defects several other configurations, as
well as oxygen- and carbon-related defects, a total of around 50 defects, were also calculated
either at the interface or in the bulk SiO2 .

7.3.1

Nitrogen-related defects

First, I investigated the nitrogen interstitial at the interface (Nif ). Atomic nitrogen is produced
when the NO molecule enters into the interface from the oxide and dissociates. The atomic
nitrogen then can go to an interstitial or to a carbon substitutional position. I found two
stable configurations of the interstitial nitrogen depending on its charge state. Nitrogen has
odd number of electrons and usually creates three bonds. Nitrogen in the neutral charge state,
in both structures, shares a carbon site with a carbon atom in a split-interstitial structure, see
Figure 7.2 (middle). Apparently, the N-atom creates sp2 bonds whit one carbon and two silicon
atoms. The C-N bond length is 1.35 Å, that is around the typical value of sp2 -bonded C and
N atoms. The other neutral structure is the same, only the place of the carbon and nitrogen
atom has to be interchanged. This configuration is equally stable with the aforementioned
configuration in the neutral charge state. In the negative charge state the N-atom is pushed
into the oxide side due to the larger repulsion of the electrons on the lone pairs of N and C
atoms. In the positive charge state for the nitrogen interstitial it is more favorable to stay in
the 4H -SiC side of the interface. The structure is the same as in the neutral charge state. I
show the stablest geometries of the Nif defect in Figure 7.2 (left) and (middle). In the negative
charge state the Nif defect has two fully occupied deep levels in the band gap localized on the
p-orbitals of the nitrogen and its neighbor carbon atom, whereas in the positive charge state
it has no defect levels in the band gap of 4H -SiC. Nitrogen at the carbon substitutional place
(NC ) neither has gap levels.
2
The position of the Fermi-level was estimated by the same method without defects (ideal case), that was
presented for the concentration calculations.
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Figure 7.2. The most stable structures of the interface nitrogen (Nif ) in different charge states:
1− (left), 0 (middle) and the (VC O2 + Nif )− defect (right). Corresponding charge states are
indicated in the top left corner of each subfigure. The wave function localization of the highest
occupied defect states are also shown at an arbitrary isosurface value. It can be seen that defect
states are localized on the p-orbitals of the N and C atoms in the negatively charged states. Green
or red lobes represents the positive or negative value of the wave function calculated in the Γ
point. Colorkeys: big yellow balls – silicon, small cyan balls – carbon, small lilac balls – nitrogen,
small red balls – oxygen

In the next subsection I will present, that a NO molecule can reach an Oif defect at the
interface and convert it to the VC O2 + Nif defect. This a compound defect where the N−
if is
0
next to the (VC O2 ) defect. In this defect the nitrogen interstitial relaxes toward the carbon
vacancy, compare Figure 7.2 (left) and (right), while the O2 molecule remains in the same split
structure as in the case of the isolated VC O2 defect. The (VC O2 + Nif )− defect has one fully
occupied level in the band gap of 4H -SiC, which is mainly localized on the p-orbitals of the
nitrogen as in the case of the N−
if defect. I show the stablest structure of the VC O2 + Nif defect
in the 1− charge state in Figure 7.2 (right).
In the next subsection I will discuss a process in which an NO molecule, approaching from
the oxide, attacks the Ci = Ci defect at the interface. Nitrogen atoms are expected to replace
the carbon interstitials. I investigated both the Ni = Ci and the Ni = Ni defects. Both
structures have a similar geometry as the carbon dimer (Ci = Ci ), where the two carbon atoms
are bonded by a double bond. In the 1+ charge state the N-atom also has four electrons and
forms a ladder-like structure similar to the structure of the Ci = Ci dimer, see in Figure 7.3
(middle). The bond length between the N and C atom is 1.33 Å. This structure remains the
same in the neutral charge state as well. However, as it can be seen in Figure 7.3, in the
negative charge state of the Ni = Ci defect the ladder structure is tilted: the nitrogen atom
goes upward and the carbon atom is pushed downward, compare Figure 7.3 (left) and (middle).
The bond length between the N and C atoms is 1.44 Å. This is due to the filled p-orbitals of
N and C atoms, which are repulsing each other. In the negative charge state this defect has
two fully occupied deep levels in the band gap of 4H -SiC, which are localized on the p-orbitals
of the dimer, i.e., the double bonds between the C and N atoms. In the positive charge state
it has no gap levels. The structure of the nitrogen dimer (Ni = Ni ) in the neutral charge state
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is similar to that of the carbon-nitrogen dimer (Ni = Ci ) in its negative charge state. Due to
the same number of electrons, the p-orbitals are repulsing each other again, which results in
a tilted ladder-like structure. The bond length between the N atoms is 1.47 Å. In the neutral
charge state the Ni = Ni defect has one fully occupied gap level localized on the p-orbitals of
the nitrogen atoms. I show the stablest geometries of these defects in Figure 7.3 . I summarized
the defect levels of the nitrogen-related defects in Table 7.2 .
1-

1+

0

Ni

Ni

Ni

Ci

Ci

Ni

Figure 7.3. The most stable structures of the nitrogen dimer defects at the interface: Ni = Ci in
1− charge state (left) and in 1+ charge state (middle) and the Ni = Ni defect in the negative
charge state. Corresponding charge states are indicated in the top left corner of each subfigure.
The wave function localization of the highest occupied defect states are also shown at an arbitrary
isosurface value. It can be seen that defect states are localized on the p-orbitals of the N and
C atoms in the negatively charged states. Green or red lobes represents the positive or negative
value of the wave function calculated in the Γ point. Colorkeys: big yellow balls – silicon, small
cyan balls – carbon, small lilac balls – nitrogen, small red balls – oxygen

Occupation level

NO

Ni

(0/−)

−0.4

+0.8

(+/−)
(0/2−)
Occupation level

(Ci )C

(+/0)

+1.2

(0/−)

+1.6

(+/−)

Oi

O2

CO

CN
−0.9

−0.3

+0.7

+1.3

NC

Ci = Ci

Ni = Ci

Ni = Ni

+3.3

+0.3

+2.3

+1.9

Nif

+1.0

Table 7.1. Occupation levels of nitrogen related defects with respect to the valence band edge
of SiC. The first six defects are oxide defects, where the valance band off-set, assuming flat-band
alignment, is 3.0 eV, see Figure 7.1 (right). The last half dozen are related to the interface. Values
were corrected by the hybrid functional calculations and are without charge correction.
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Reaction routes of nitridation

In this section I shall discuss the possible reaction routes of nitrogen treatment on the SiC/SiO2 interface defects. As I mentioned before, reaction energies depend on the actual Fermi-level
position, therefore a Fermi-level range should be given for each reaction where it is considered
to be a feasible process, and in order to assess possible reaction outcomes, charge state of the
various reaction constituents have to be determined in this Fermi energy range. In the typical
doping range, the Fermi-level is between EV + 1.9 eV and EV + 2.2 eV, where EV is the valence
band maximum of 4H -SiC. I summarized the occupation levels of the relevant defects in Table
7.1 . The aim of my investigations was to determine those reactions, in which carbon related
defects, (Ci )C and Ci = Ci , are attacked by a NO molecule or an atomic N converting them
harmless defects. In the above mentioned Fermi energy range of n-type 4H -SiC the charge
−
−
2−
2− and CN− in SiO , and (C ) − ,
state of the relevant defects are: O2−
2
i C
2 , NO , N , Oi , CO
Nif − , NC+ , (Ci = Ci )0 , (Ni = Ci )+ and (Ni = Ni )0 at the interface. It can be seen, that
due to the Coulomb repulsion the (Ci )C − defect will not be attacked by the mobile nitrogenrelated defects (NO− , N− or Nif − ). In the following reactions it is important to explicitly
mark the source or destination of the various defects. The usual notation is to write ’SiO2 :’ or
’SiC/SiO2 :’ before the defect symbols. In accordance with (3.31), where it was applicable, the
perfect structure was explicitly included in the following reaction equations as well.

Nif−

siesta

crystal

Shift

410.

+0.68

+0.77

+0.09

411.

+1.03

+1.16

+0.13

+0.75

+1.19

+0.44

412.

+0.45

+0.80

+0.35

413.

+2.21

+2.98

+0.77

+1.01

+1.44

+0.43

(VC O2 + Nif )−
415.
(Ni = Ci )−

(Ni = Ni )0
413.

Table 7.2. One-electron defect levels of nitrogen related defects in the gap of 4H -SiC nitrogen
related defects. The defect levels are given with respect to the valence band maximum of 4H -SiC.
The first column is the one-electron level number, the second and third columns contain energies
of the LDA and hybrid calculations, respectively.
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First, I investigated the dissociation of the NO molecule, which can happen in two ways.
Either by forming an interstitial nitrogen (Nif ), discussed in the previous section, or by doping,
i.e., when the nitrogen atom goes to a carbon substitutional place and forms NC . I found
that the dissociation of the NO molecule in bulk SiO2 is endothermic. However, in the vicinity
of the interface it is possible to exchange electrons with the semiconductor. In that case, by
taking electrons from the Fermi-level, the energy gain on the following reaction:
2−
SiC/SiO2 : 3e− + SiO2 : NO −→ SiC/SiO2 : N−
if + SiO2 : Oi

(7.2)

is 3EF − 2.7 eV, where EF is the position of the Fermi-level with respect to the valence band
edge of 4H -SiC. This gives a positive (exothermic) value for EF > 0.9 eV and, in the considered
Fermi-energy range it is 3.0-3.9 eV, respectively. In this reaction the NO molecule dissociates
and gets incorporated at the interface without the emission of host atoms. It has to be noted,
that reaction energies like binding energies, discussed in the beginning of the Results part,
are defined in the same way, i.e., a positive value means that the reaction is favorable. In
the reaction energy calculations where electrons are involved, the Fermi energy (EF ) is with
respect to the calculated valence band maximum of 4H -SiC, that is at −5.41 eV. Due to the
band offset correction, 0.82 eV has to be accounted for each electron that is transferred to the
oxide, e.g., in the above reaction 2 electrons.
Alternatively, the NO molecule is capable of doping by releasing a CO molecule into the
oxide in the following reaction:
2−
,
SiC/SiO2 : e− + SiO2 : NO −→ SiC/SiO2 : N+
C + SiO2 : CO

(7.3)

with an energy gain of EF + 0.7 eV, that is 2.6-2.9 eV in the chosen Fermi-level range. The two
possible dissociation reactions are competing processes of nitrogen insertion at the interface.
It can be seen from the reaction energies, that the Nif production in conjuction with the
Oi creation at the interface is dominating over the nitrogen doping. I also found, that any form
of oxygen insertion at the defect-free interface is endothermic when nitrogen related defects
remain in the oxide.
Secondly, I investigated reactions in which an emitted host carbon atom leaves the interface
in the form of a CO or CN molecule. As I mentioned in the preliminaries, carbon dimers are
produced at the end of the SiC oxidation sequence. Since the NO molecules can acquire
negative charge with an energy gain of 2.1-2.4 eV in the considered Fermi-level range when
approaching the interface, they are unlikely to attack the negative (Ci )−
C interstitials at the
interface. However, they are capable of destroying the really harmful and never negative
(Ci = Ci )0 dimers in two possible ways:
−
0
SiC/SiO2 : [(Ci = Ci )0 + 2e− ] + SiO2 : NO −→ SiC/SiO2 : [(Ci )−
C + Oif ] + SiO2 : CN ,
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SiC/SiO2 : [(Ci = Ci )0 + e− ] + SiO2 : NO −→ SiC/SiO2 : (Ni = Ci )+ + SiO2 : CO2− .

(7.5)

The energy gain of these equations are 2.5-3.1 eV (2EF − 1.3 eV) and 3.7-4.0 eV (EF + 1.8 eV)
in the chosen Fermi-level range, respectively. Therefore, the second process, the nitrogen
incorporation into the interface, is dominating over the first, (Ci )C generating, process. It has
to be noted, that the substitution of the second carbon atom in the Ni = Ci dimer is feasible
energetically only for EF > 1.3 eV in the following process:
SiC/SiO2 : [(Ni = Ci )+ + 3e− ] + SiO2 : NO −→ SiC/SiO2 : (Ni = Ni )0 + SiO2 : CO2− .

(7.6)

The energy gain on this reaction is 1.7-2.6 eV, so in line with the XPS results, fewer nitrogen
dimer bonds can be expected. The reaction in equation (7.4) converts the carbon dimers,
which are responsible for the D1 hole traps near the valence band edge, into amphoteric but
mobile carbon interstitials, and thus increasing the D2 and D3 peaks. However, the dominant
reaction in equation (7.5) converts the carbon dimers into the immobile Ni = Ci dimers, which
are defects with deep donors levels in the band gap. Based on my results, I showed that the
NO molecule can interact with the carbon dimers at the interface. I can conclude, that both
reactions prevent the formation of carbon dimers at the interface, that act as NITs in the oxide.
From a previously dissociated NO molecule, the interface nitrogen (Nif ) can also remove
the carbon dimers. It can either come from the interface or from the oxide and can attack the
carbon dimers in the following two reactions:
−
−
−
SiC/SiO2 : [(Ci = Ci )0 + N−
if + e ] + SiO2 −→ SiC/SiO2 : (Ci )C + SiO2 : CN ,

(7.7)

−
+
−
SiC/SiO2 : (Ci = Ci )0 + SiO2 : N−
i −→ SiC/SiO2 : [(Ni = Ci ) + (Ci )C + e ] + SiO2 .

(7.8)

The energy gains of these reactions are 1.4-1.7 eV (EF −0.5 eV) and 1.6-1.9 eV (EF −0.3 eV) in
the chosen Fermi-level range, respectively. Based on these results, I can explain why nitrogen
plasma treatment or nitrogen implantation prior to oxidation also removes carbon dimers at
the interface [130–132]. However, the lower reaction energies indicate a smaller efficiency than
in the case of the NO treatment. I also found, that the reaction with the carbon substitutional
nitrogen (NC ) produces a considerably higher energy gain of 4.4-5.5 eV (2EF + 0.8 eV) in the
chosen Fermi energy range:
−
−
SiC/SiO2 : [(Ci = Ci )0 + N+
C + 2e ] + SiO2 −→ SiC/SiO2 + SiO2 : CN .

(7.9)

However, since both reactants are immobile and NC is produced in a less favorable way by the
dissociation of the NO molecule than the interface nitrogen (Nif ), this reaction can take place
only during the topological rearrangement3 of the interface.
3

The topological rearrangement of the interface is due to the stress arising from the difference in specific
volumes between SiC and SiO2 during the oxide growth.
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Independently from processes related to the NO molecule, normal oxygen insertion at the
interface deposits oxygen interstitials into the interface with an energy gain of 2.0 eV in the
following process:
(7.10)
SiC/SiO2 + SiO2 : O2 −→ SiC/SiO2 : 2O0if + SiO2 .
The NO molecule can also reach such a site and be involved in the following reactions:
SiC/SiO2 : [2O0if + e− ] + SiO2 : NO −→ SiC/SiO2 : [VC O02 + O0if ] + SiO2 : CN− ,

(7.11)

2−
,
SiC/SiO2 : [2O0if + 3e− ] + SiO2 : NO −→ SiC/SiO2 : [VC O02 + N−
if ] + SiO2 : CO

(7.12)

with energy gains of 4.0-4.3 eV (EF + 2.1 eV) and 4.4-5.3 eV (3EF − 1.3 eV) in the chosen
Fermi-level range, respectively. The latter reaction, which emits a CO molecule into the oxide,
is somewhat more favorable. Interstitial nitrogen coming from the oxide can also participate
in a similar reaction:
−
0
0
SiC/SiO2 :2O0if + SiO2 :N−
i −→ SiC/SiO2 :[VC O2 + Oif ] + SiO2 :CN .

(7.13)

This reaction has a constant energy gain of 3.5 eV. The above presented reactions showed
that interface oxygen (Oif ) produced by O2 can be attacked by the NO molecule and also
by the Ni defect. It has to be noted, that reactions (7.11-7.13) complete the formation of a
new SiO2 unit without creating carbon excess at the interface at all, i.e., they complete the
stoichiometric oxidation of the interface. This is the ultimate benefit of nitridation: nitrogen
in conjuction with O2 can complete a stoichiometric oxidation sequence removing the resulting
carbon atoms from the interface altogether before those could form the dimers in the first place.
Even if the NIT defects, produced earlier in the course of the oxidation, are still not removed,
they will be farther from the semiconductor after the nitridation, with a smaller chance for
carrier exchange.
In the above discussed reactions I showed that there are several reaction channels in the
course of oxidizing SiC by an O2 + NO mixture. The production of carbon dimers, with the
involvement of O2 molecules, competes with their destruction by NO, and with the desired
oxidation plus carbon removal process by O2 + NO. In Figure 7.4 I illustrated the above
discussed reaction routes as a picturesque summary. It can be seen that there are several
competing processes in the course of the nitridation of the interface. The balance between
these channels and also between the different possible reactions in these channels depends very
much on the Fermi-level position with respect to the defect levels.
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(7.8)

if : Ci=Ci
ox : CN
if : Oif

silicon dioxide

ox : O2

(7.10)

if : Ni=Ci

(7.11)

(7.13)

if : Oif

ox : CO
(7.12)

(7.7)

ox : Oi

if : Ni=Ni

ox : CN

if : (Ci)C

(7.2)

(7.4)

ox : NO

ox : CN

if : Ci=Ci

if : NC

(7.3)

(7.6)

ox : CO

if : Ci=Ci

if : Nif

if : Ci=Ci

ox : CO
(7.5)

(7.9)

(7.6)

interface

ox : Ni

if : Ni=Ci

ox : CN

ox : CO

Reaction
energies

(7.2) 3.0-3.9 eV
(7.6) 1.7-2.6 eV
(7.10) 2.0 eV

(7.3) 2.6-2.9 eV
(7.7) 1.4-1.7 eV
(7.11) 4.0-4.3 eV

(7.4) 2.5-3.1 eV
(7.8) 1.6-1.9 eV
(7.12) 4.4-5.3 eV

(7.5) 3.7-4.0 eV
(7.9) 4.4-5.5 eV
(7.13) 3.5 eV

Figure 7.4. The picturesque illustration of nitridation reaction routes of the interface traps. The if :
prefix means the interface (4H -SiC/SiO2), the ox : prefix means the oxide (SiO2 ). Reaction channels
flow from left to right according to the lines and arrows. Bold plus signs mean reactions (left to
right along the lines) and arrows point to the reaction products. Black circles mean the release of
the indicated molecule or defect, while black squares mean the stoichiometric oxidation (production of
the VC O02 defect that is a new SiO2 block) in conjunction with the release of the indicated molecule
into the oxide. Dominating reaction channels are indicated with bold lines. In the left side there are
the reactant molecules coming from the gas phase through the oxide. Atomic nitrogen and the NO
molecule in conjunction with oxygen atoms complete a stoichiometric oxidation sequence (top left).
Atomic nitrogen and the NO molecule can attack the carbon dimers at the interface (Ci = Ci ) in for
different channels (middle). They produce either carbon interstitial at the interface ((Ci )C ) or, which
is the dominating reaction, incorporate the nitrogen in the form of a nitrogen-carbon dimer (Ni = Ci )
(right side). Below the figure I enlisted the reaction numbers with the corresponding reaction energies.
Dominating reactions are in bold. It has to be noted, that the dissociation reaction (7.2) is dominating
over (7.3), the carbon dimer destruction reaction (7.5) is dominating over (7.4), finally the oxidation
reaction (7.12) is dominating over (7.11).
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1. Doping of phosphorus in chemical-vapor-deposited SiC layers
(a) I showed, that the most abundant P-related defect is the shallow donor (PSi ) with
a maximum concentration of 1017 cm−3 under typical CVD growth conditions. The
second most abundant defect is the PC defect, a sightly deeper donor, at least one
and a half orders of magnitude less concentration than that of the PSi defect. The
difference of defect formation energies does not depend on the chemical potential
of phosphorus, thus the concentration difference should be valid for any condition
of CVD growth, which is close to a quasiequilibrium process. I showed, that the
concentration of other P-related defects (PSi + H, PC + H and P pair) are much
smaller, below 1010 cm−3 , therefore, only the PSi defect contributes significantly to
the concentration of free carriers in P-doped epitaxial SiC layers. [T1, T6]
(b) I showed, that the most stable configurations for hydrogen (atoms) in the PSi + H
and PC +H defects are behind P atoms at antibonding positons. Both complexes are
electrically inactive possessing no levels in the band gap of 4H -SiC. The calculated
+
+
binding energies of the hydrogen interstitial (H−
i ) to the PSi and PC defects are
about 0.3-0.5 eV and 0.1-0.3 eV, respectively, which indicates that both complexes
dissociate at relatively low annealing temperature. Therefore, I predicted that no
passivation effect is expected by hydrogenating the P-donors. [T1, T6]
(c) I proposed a model to explain why the site-competition effect does not work for
phosphorus in CVD growth and explained the unexpected behavior of P-dopants
on the applied C/Si ratio by the change of the chemical potential of phosphorus:
at higher C/Si ratio more Si vacancies are produced promoting the formation of
the PSi defects. However, this effect can be compensated by the change in the
chemical potential of phosphorus via the additional hydrogen content provided by
C3 H8 molecules. As a consequence, the concentration of the P+
Si defect–and that of
the free carriers–can be, indeed, lower at higher C/Si ratio. [T1, T6]
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2. Aluminum-related defects in 4H -SiC
(a) I found that the aluminum acceptor (AlSi ) may form a stable complex with two
carbon interstitials and certainly forms a stable complex with the carbon vacancy
with a binding energy of 5.8 eV and 0.5 eV (the diffusion barrier of the carbon
vacancy is about 4 eV), respectively. I also found that aluminum interstitial forms
stable and metastable complexes with one or two carbon interstitial(s). All these
defects produce deep levels in the band gap of 4H -SiC. I found, that in heavily Alimplanted regions also the AlSi (Ci )2 defect may be created as well, that is a thermally
very stable defect possessing a deep level at about EV + 1.3 eV. Therefore, I showed
that this defect could be one of the reasons of the imperfect activation rate of the
shallow Al acceptor. [T2, T7]
(b) Based on my results I clearly rule out Matsuura’s model (AlSi VC ) [104] for the
new Al-related center at EV + 0.37 eV. The calculated occupation levels of the
AlSi VC defect are at about EV + 1.5-1.6 eV. These levels are, however, very close to
the measured DLTS level of trap A3 . The activation energy of trap A3 was estimated
to be around 1.70±0.1 eV showing a big bump in the DLTS spectrum [13]. I propose
the AlSi VC defect an appropriate candidate for the trap A3 DLTS center. The broad
bump of the A3 signal can be explained by the unresolved (+/0) and (0/−) levels. I
showed that this defect could also be one of the reasons of the imperfect activation
rate of the shallow Al acceptor. [T2, T7]
(c) I also calculated the binding energies and occupation levels of stable and metastable
defects of aluminum and carbon interstitials. The (2+/+) and (3+/2+) levels are
at around EV + 1.2 eV. I propose that this defect may be the source of the A1 and
A2 DLTS centers at EV + 0.82 eV and EV + 1.02 eV, respectively. However, the
calculated binding energy of the Ali Ci defect (1.9 eV) does not clearly explain the
high termal stability of these traps. Additional information about the nature of A1
and A2 traps [13] is needed in order to identify them. I showed that this defect can
capture an additional Ci and form the thermally, even up to 1700 ◦ C, very stable
Ali (Ci )2 defect. [T2, T7]
3. Small silicon clusters in 4H -SiC
(a) I investigated the isolated Sii defect by ab initio calculations in 4H -SiC for the
first time. I showed, that in p-type 4H -SiC the Sii is in the 4+ charge state at
an empty place caged by four carbon atoms similar as in 3C -SiC. I found that in
n-type 4H -SiC the Sii is neutral. In the most stable configuration the Sii is in a
split-interstitial position at a cubic site with C1h symmetry. I found a different
structure for the Sii at the hexagonal site, where it is at an empty place caged
by carbon atoms. This hexagonal-caged structure is about the same stability as
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the cubic configuration. I found that both structures have deep levels in the gap
localized around the silicon interstitial. The hexagonal-caged configuration exhibits
a negative-U property with (2+/0) occupation level at EV + 2.3 eV. [T4, T9]
(b) I investigated the smallest aggregates of Si interstitial related clusters. I found
two stable (cubic and hexagonal) and four metastable configurations. The cubic
structure is more favorable than the hexagonal one. Both defects are electrically
active and have four occupied levels in the band gap of 4H -SiC, mostly localized on
the Sii atoms. Based on the calculated binding energies I estimated the annealing
temperature of these defects, which is between 1000 ◦ C and 1300 ◦ C. As a result,
I prove that Sii is emitted from such silicon-related clusters and involved in the
formation of the DI PL center that is starting to be generated at above 1000 ◦ C.
[T4, T9]
(c) In order to help the experimental identification of these defects I also calculated
the local vibration modes. Several new modes appeared in the phonon gap due
to the Sii -Sii bond. I identified those modes which are coupled with a PL process
based on group theory. I predicted that lines in the calculated phonon gap and
above the calculated phonon band can be detected by PL measurements. Later, PL
centers have been indeed detected by Prof. Steeds that may be associated with the
calculated defects [122, 123]. [T4, T9]
(d) I investigated the simplest structures with one carbon and one silicon interstitial.
I found one stable and six metastable configurations. The most stable structure
contains Sii and Ci at the hexagonal site. The calculated binding energy is at about
4.3 eV, which predicts high thermal stability for this defect. I found that this defect
is electrically active with deep levels in the band gap of 4H -SiC, strongly localized
on the Ci and Sii atoms and their first neighbor atoms. It has a negative-U property
with a (2+/0) occupation level at EV + 2.0 eV. I propose that this defect can also be
formed in irradiated 4H -SiC. In order to help the identification by PL measurements
I provided the occupation levels and local vibration modes also for the 13 C isotope
substitution of the carbon atoms. [T4, T9]
4. Nitrogen passivation of traps at the SiC/SiO2 interface
(a) I found that there are two competing processes of the dissociation of NO molecules
near the interface. I showed that the dominating reaction is the creation of interstitial nitrogen at the interface (Nif ) by releasing oxygen interstitial (Oi ) into the
oxide. The less dominating reaction is the nitrogen doping of the interface (in the
form of the NC defect) by releasing a CO molecule into the oxide. In the considered
Fermi energy range the energy gain of these reactions are 3.0-3.9 eV and 2.6-2.9 eV,
respectively. [T5, T10]
89

Thesis points of the dissertation
(b) I showed that NO molecules can interact with the carbon dimers at the interface.
In the dominant reaction nitrogen gets incorporated in a nitrogen-carbon dimer
(Ni = Ci ) by releasing a CO molecule into the oxide. In the less dominant reaction
it produces interface oxygen and carbon interstitial by releasing a CN molecule into
the oxide. I showed that in the considered Fermi energy range these reactions have
the energy gain 3.7-4.0 eV and 2.5-3.1 eV, respectively. Based on my results I
showed that both reactions prevent the formation of carbon dimers at the interface,
therefore the carbon dimers cannot act as NITs in the oxide. I also showed, that
atomic nitrogen from a dissociated NO molecule can also attack carbon dimers
either by nitrogen incorporation or by carbon interstitial production similarly as
in the case of the NO molecule. The calculated energy gains are 1.6-1.9 eV and
1.4-1.7 eV, respectively. Based on these results, I explained why nitrogen plasma
treatment or nitrogen implantation prior to oxidation also removes carbon dimers
at the interface. [T5, T10]
(c) I showed that interface oxygen (Oif ) produced by the dissociation of the O2 molecule
can be attacked by the NO molecule and also by the Ni defect and complete a stoichiometric oxidation of the interface releasing a CN into the oxide. The calculated
energy gain is around 3.5 eV. Based on these results I explained the ultimate benefit
of nitridation: nitrogen, in conjuction with the O2 molecule, can complete a stoichiometric oxidation sequence removing the resulting carbon atoms from the interface
altogether, before those could form the carbon dimers in the first place. [T5, T10]
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Summary and Outlook
Atomic level ab initio simulations are a very important tool for a materials scientist. Computational materials science, even though being a young discipline compared to quantum chemistry,
is, indeed, an advanced field of modern physics. It can reliably predict important new results
or give suggestions for experimental investigations.
I also have to note here, that my ab initio simulations required large computational resources. The total CPU core time was more than 300 000 hours over three years, i.e., averagely 9000 hours usage monthly. Although I contributed in few articles and wrote relatively
not many papers from my results. These results, however, are comprehensive works of large
number of simulations and large amount of investigations. In this thesis I presented four topics. The phosphorus related calculations were the second part of my investigations on p-type
dopants of SiC. I showed, that even defect concentrations in a quasiequilibrium CVD growth
can be predicted with the formation energy of the defects. This is a nice example of how
macroscopic properties can be estimated by calculational results at atomic level. I proposed a
model to explain why the site-competition effect does not work for phosphorus in CVD growth
and explained the unexpected behavior of phosphorus dopant on the applied C/Si ratio by the
change of the chemical potential of phosphorus via the hydrogen content in the gas phase.
Investigation of aluminum- and silicon-related defects meant usual defect simulations with
the aim to explain experimental results and provide useful theoretical data for experimentalists.
Nevertheless, in the case of the aluminum, I could rule out an experimental suggestion for a
new aluminum-related center. Studying interstitial defects can be very complicated due to
the large number of possible configurations. Silicon defect aggregates, indeed, needed lots of
calculations with large resource needs. Besides the regular electronic structure characterization
vibrational modes were also calculated. I predicted that lines in the calculated phonon gap and
above the calculated phonon band can be detected by PL measurements. Later, PL centers
have been indeed detected that might be associated with the investigated defects. Direction of
further research could be the simulation of larger defect complexes with a more accurate plane
wave code in order to clear out the origin of the two most disputed defects in SiC: the alphabet
lines and the DI center. I have to note here, that at the end of my thesis work I have been
investigating the intrinsic defects of SiC by using a plane wave code and applying the finite
size scaling in order to get the most accurate results for them so far.
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Modeling of interface problems, as may be expected, represents even more difficultness.
Solely, from methodological point of view, defect calculations at an interface represent a challenging task. To increase computational efficiency I followed a multi-level approach, i.e., LDA
calculations were started from prerelaxed geometries and they were further refined with a hybrid functional method. Based on these results I explained the effect of nitrogen on interface
defects at the n-type 4H -SiC/SiO2 interface. From the viewpoint of theory, the direction of
further research is the analysis of other band alignment, the p-type case and the investigation
of reactions with defects of the oxide.
I mentioned briefly in the introduction of the Results part that diffusion barrier calculations
are demanding calculations. Although, barrier energies are very important in order to predict
defect stabilities. At the time of my thesis work publicly available implementations of saddle
point search methods for ab initio codes were scarce. I have started a unified implementation
of two saddle point search methods, the ART [142] and Ridge [143] methods, that can use ab
initio codes as a “black box” force calculators for barrier energy calculations.
More and more efficient methods are in constant evolution and under development. The
future of computational materials science depends largely on their successful application. Nevertheless, it can be predicted, that with more powerful computing platforms, e.g., the Intel
Core 2 architecture, previously prohibitively expensive simulations will be affordable. This
means that accurate methods with reasonably large models can also be used, which is a key
to nano-sized material simulations. Not mentioning multi-scale methods, hybrid functional
and GW methods are expected to become publicly available in recent ab initio codes, that
can provide very accurate results and needed for problems where plain LDA or GGA provides
qualitatively wrong results. I would like to close my thesis with another famous quote from R.
P. Feynman, that I regard to summarize the essence of nano scale material design and defect
engineering: “There’s plenty of room at the bottom.”, which is waiting to be explored.
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Dr. Ádám Gali. He was always supportive and helpful and gave me lots of inspiration and
motivation even when I was total disappointed and out of focus. I wish him a successful research
career. Nevertheless, we are still working together on some ongoing projects. I also would like
to thank the support and kindness of Prof. Péter Deák. He guided me in Paderborn and in
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Appendix A

Calculational methods
A.1

Defect concentrations

From elementary semiconductor physics it is well known, that in thermal equilibrium the charge
neutrality is valid in a semiconductor, which is defined as:


p + Nd+ e+ + n + Na− e− + QD = 0 ,

(A.1)

where Nd+ and Na− is the ionized donor and acceptor concentrations, p and n is the intrinsic
hole and electron concentrations, respectively (e− is the electron charge and e− = −e+ ). Donor
and acceptor concentrations are defined by Nd and Na doping levels and Id and Ia ionization
levels (or occupation levels), and the temperature (T ):
Nd+ = Nd e

−Id/kT

and Na+ = Na e

−Ia/kT

,

(A.2)

where k is the Boltzmann constant. Donor and acceptor concentrations (Na and Nd ) and ionization levels (Ia and Id ) are external parameters in the calculations known from experiments.
Intrinsic hole and electron concentrations (n and p) are defined with the Fermi level (EF ), the
band gap width (Eg ), effective masses (m∗ ) and also the temperature:


ECBM − EF
n = Nc exp −
kT
N[c,v] = 2



EF − EVBM
and p = Nv exp −
kT
2πm∗[c,v]
h2

!3



,

(A.3)

2

,

(A.4)

where ECBM and EVBM is the conduction band minimum and the valence band maximum,
respectively. In the calculations the average potential of the defects were shifted in order to set
EVBM to zero. In that case the conduction band maximum is the gap size, i.e., ECBM = Egap .
This setup has an obvious practical advantage, i.e., calculated occupation levels are given with
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respect to the valence band maximum. In the presence of defects, an additional term (QD )
has to be considered as well. Dopants can also be treated as defects, in that case they are also
taken into account in the QD term. The defect charge term (QD ) contains a sum for every
q
defect in every charge state (qij ), where and Nj ij is the concentration of the jth defect in the
qij charge state:
defects
X
X charges
q
qij Nj ij .
(A.5)
QD =
i

j

Defect concentrations can be calculated with the defect formation energies (Eform ):
qij

q
Nj ij

nj wj e−Eform (EF )/kT
=
,
1+Z

(A.6)

where nj is the concentration of all the possible configurations of the given (jth) defect, wj is
the defect weight according to the possible spin (s) states (wj = 2s + 1), and Z is the partition
P q
function: Z = j Nj ij . It can be seen in the above equation (A.6) that the concentrations
are non-linear functions of the Fermi level (EF ). Therefore, the charge neutrality equation
(A.1) has to be solved by a self-consistent root finder iteration method. At first, an initial EF
between the ECBM and EVBM is chosen, then formation energies, presented in the following
subsection, and concentrations are calculated. After that, the neutrality condition is checked
and in the case of inequality a new EF is chosen, i.e., by varying the Fermi energy between the
EVBM = 0 and ECBM = Egap , while other parameters (like p and T , see later) are kept fixed,
defect concentrations can be determined by a standard root finder method.

A.1.1

Formation energy of a defect

The formation energy of a defect in the q charge state in SiC is defined with the total energy
q
(Etotal
), chemical potentials and the Fermi level (X denotes the corresponding dopant, e.g.,
P–phosphorus):
q
q
Eform
= Etotal
− µSi nSi − µC nC − µX nX + qEF .
(A.7)
For practical calculations a reformulation of this equation is done in order to use only the bulk
chemical potentials. Chemical potential of the SiC crystal is µbulk
SiC = µSi + µC . By introducing
relative chemical potentials:
∆µSi = µSi + µbulk
Si

and

∆µC = µC + µbulk
,
C

(A.8)

the formation enthalpy of SiC is
bulk
SiC
= µbulk
+ µbulk
∆Hform
SiC − (µSi
C ) = ∆µC + ∆µSi .
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By introducing a relative chemical potential difference (∆µ):
1
1
SiC
SiC
= ∆Hform
− ∆µC ,
∆µ = ∆µSi − ∆Hform
2
2

(A.10)

the formation energy in (A.7) can be rewritten in the following form:
q
Eform
= ∆E q (nSi , nC , nX ) − (nSi − nC )∆µ − nX µX + qEF ,

(A.11)

where the environment independent formation energy of the defect is:


(nSi + nC ) bulk (nSi − nC ) bulk
q
bulk
∆E = Etotal (nSi , nC , nX ) −
µSiC −
(µSi − µC ) ,
2
2
q

(A.12)

which contains only bulk properties. For nSi = nC the ∆E q is the total energy difference of
the supercell with the defect and that of the perfect supercell. The relative chemical potential
refers to the C/Si ratio, e.g., in CVD growth. However, there are limits for the ∆µ: µC ≈ µbulk
C
means the C-rich and µSi ≈ µbulk
means
the
Si-rich
case.
As
a
result
of
this
∆µ
can
vary
in
Si
the following range:
1
1
SiC
SiC
+ ∆Hform
≤ ∆µ ≤ − ∆Hform
.
(A.13)
2
2
It is obvious that ∆µ = 0 means the stoichiometric case.
In thermal equilibrium chemical potentials are equal in the gas phase and in the bulk.
The chemical potential of a molecule, containing the dopant atom, in the gas phase can be
calculated by the following relation:
vac
+ µvib (Evib , T ) + µrot (Erot , T ) + µvol (m, p, T ) ,
µ(p, T ) = Etotal

(A.14)

vac is the calculated total energy of the molecule in vacuum, m is the mass, p and T is
where Etotal
the partial pressure and the temperature, respectively. The various µ terms are the followings:

µvib (Evib , T ) =

Evib
+ kT log (1 − exp (−Evib/kT )) ,
2

µrot (Erot , T ) = kT log (Erot/kT ) ,


3
5
µvol (m, p, T ) = kT log p (2h2/2πm) 2 (1/kT ) 2 .

(A.15)
(A.16)
(A.17)

The various energy terms (Evib and Erot ) are experimental or calculated values. Apparently,
the formation energy (Eform ) depends on the partial pressure of the dopant containing molecule,
that can be taken into account in the simulations. Finally, it can be concluded that, beside the
parameters of the defects and if quasiequilibrium is assumed, there are six parameters (Na ,
Nd , Ia , Id , p, T ) with which the neutrality equation is to be solved yielding the corresponding
EF of the equilibrium.
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Finite size scaling

Formation energy (A.7), introduced in the previous section, contains a total energy which
comes from a supercell calculation. As I mentioned before, an appropriate charge correction
is needed for supercells in order to correct the error arising from the interaction of charged
defects in neighboring supercells. For the sake of simplicity, charge correction is introduced
as an additive term to the total energy, thus the formation energy of the isolated (corrected)
defect is:
q
q
Eform
(∞) = Eform
(L) + ∆(q, L) ,
(A.18)
where ∆(q, L) is the unknown charge correction term. Makov and Payne suggested a charge
correction which is strictly valid for atoms and molecules in vacuum (ǫ = 0) [78]. Later, it
was suggested by others, that charged defects are screened by the electrons and ions in solids,
that can be taken into account by the dielectric constant (ǫ > 0). The suggested form of
the Makov-Payne charge correction, containing the dielectric constant, in atomic units is the
following:
α q2
2πQ q
∆MP (q, L) =
+
,
(A.19)
2 ǫL
3 (ǫL)3
where q is the charge of the defect, Q is the quadrupole momentum of the defect, ǫ is the
dielectric constant or screening parameter and α is the Madelung constant of the supercell.
This correction is, however, strictly valid for point charges and it usually overestimates the
charge correction for complex defects where the charge distribution is far from point-like. In
2
the case of the defects in SiC the Makov-Payne charge correction is ∆96
MP (q, L) ≈ 0.21q and
2
∆576
MP (q, L) ≈ 0.10q in eV for the 96-atom and the 576-atom supercells, respectively.
By using larger and larger supercells interaction between the charged defects and thus the
charge correction can be mitigated. However, large enough supercells are computationally
prohibitively expensive. Castleton et al. suggested a method, based on finite size scaling,
which can be used to estimate or, at least, can give a reasonable upper limit for the charge
correction. In the finite size correction terms all the effects arising from finite supercells are
included. However, charge correction is the most significant of them. They found that the
formation energy of an isolated defect is:
∞
= Eform (L) −
Eform

an
a1
− n,
L
L

(A.20)

where a1 and a2 are fitting parameters. For the sake of simplicity I shall keep only the L−1 term
and give the a1 parameter for L- and 2L-size supercells, where L corresponds to the 96-atom
and 2L corresponds to the 576-atom supercell. The defect formation energy can be expressed
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P
(L)):
by the total energy of the perfect supercell (Etotal

q
q
Eform
(L) = Etotal
(L) −

SC
X

q
P
(L) −
(L) − Etotal
µi ni − qEF = Etotal
|
{z
}
q
(L)
∆Etotal

defect
X

µj nj − qEF ,

(A.21)

where the last sum goes over the difference between the perfect and the defect-containing
supercell (terms for added or subtracted atoms). By using the finite size scaling, and keeping
only the L−1 term, the a1 fitting parameter can be expressed by the total energies of the
96-atom (L) and the 576-atom (2L) supercells (perfect and defect-containing as well):
q
q
Eform
(∞) ≈ Eform
(L) −

a1 =

a1
a1
q
≈ Eform
−
,
L
2L

q
q
∆Etotal
(L) − ∆Etotal
(2L)

.
1
1
L − 2L
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Appendix B

Total energy tables
B.1

Phosphorus-related defects

Defect

Configuration

Etotal [eV]
(LDA)

4H -SiC

perfect

−12650.56

H−
i

−12668.34

P0Si

h

P+
Si
P0Si
P+
Si

h
k

−12717.75

P0C

h

P+
C

h

−12671.71

P0C

k

P+
C

k

−12669.06

(PSi + H)0

h

H)0

k

−12735.65

(PC + H)0

h

(PC + H)0

k

−12685.34

(PSi + PC )2+

hh

(PSi + PC )2+

kk

−12736.15

(PSi +

−12720.13

−12717.71

k

−12720.18

−12669.08

−12671.66

−12735.62

−12687.04

−12736.13

Continued on next page
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Defect
(PSi + PC )2+

B.1. Phosphorus-related defects

Configuration

Etotal [eV]
(LDA)

kh

−12736.18
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B.2

B.2. Aluminum-related defects

Aluminum-related defects

Defect

Configuration

Etotal [eV]
(LDA)

4H -SiC

perfect

−12650.56

Ci 0

−12799.21

(C2 )0Si
VC 0

−12847.45

−12490.86

Ali 3+
Ali

TC(k)

+

TC(k)

AlSi −

AlSi (Ci )−
2
AlSi (Ci )02

(AlSi VC )2 −

(Ali Ci )2+

(Ali Ci )3+

meta

(Ali Ci )2+

meta

(Ali (Ci )2

−12905.49

meta

−12900.83

−12451.66

−12450.77

−12444.37

−12444.37

−12447.49

−12440.53

−12838.44

−12838.00

−12847.74

−12846.35

−12843.01

)+

)+

−12906.20

−12436.57

(Ali Ci )3+

(Ali (Ci )2 )2+

−12751.20

−12440.53

(AlSi VC )+

(Ali (Ci )2 )3+

−12751.97

−12448.06

)−

(AlSi VC )0

(Ali Ci

−12694.26

−12897.11

(AlSi VC )3 −

)+

−12695.46

−12901.17

AlSi (Ci )+
2

(AlSi VC

−12689.04

−12603.62

(AlSi Ci )−

(Ali Ci

Ecorr. [eV]
(corrected Etotal )

−12842.06

−12838.11

−12837.64

−12847.50

−12846.28

−12842.86

−12842.10

−12991.37

−12990.67

−12999.39

−12997.58

−12995.67

104

−12994.24

B. Total energy tables

B.3

B.3. Silicon-related defects

Silicon-related defects

Defect

Configuration

Etotal [eV]
(LDA)

Etotal [AU]
(hybrid)

4H -SiC

perfect

−12650.56

−459.74

−12748.53

−463.26

−12744.32

−463.68

Ci 0

−12799.21

Sii 0

k

Sii 01+
Sii 1+

k

2+

k

Sii 2+
1+

k

Sii 1−

k

Sii 01−

k

Sii 0

h

Sii 01+
Sii 1+

h

Sii 2+

h

Sii 2+
1+
Sii 1−

h

Sii 01−

h

(Sii -Sii )0

k

(Sii -Sii )01+

k

(Sii -Sii )01−
(Sii -Sii )1+

k

)1−

k

Sii

(Sii -Sii

k

h

h

k

(Sii -Sii )0

h

(Sii -Sii )01+

h

(Sii -Sii )01−
(Sii -Sii )1+

h

)1−

h

(Sii -Sii

(Sii -Ci )0

h

−12739.89
−12751.57

−465.12
−463.67

−464.09

−464.08

−462.77

−462.76

−12748.62

−463.25

−12744.99

−463.69

−12741.82

−463.67
−464.18

−464.17

−12751.85

−462.78

−12849.54

−466.88

−462.77
−467.30

−466.41

−12845.26

−467.31

−12849.50

−466.88

−12853.02

−466.42
−467.33

−466.41

−12845.67

−467.33

−12901.35

−468.79

−12853.07

−466.41

Continued on next page
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Defect

Configuration

B.3. Silicon-related defects
Etotal [eV]
(LDA)

(Sii -Ci )01+
(Sii -Ci )01−
(Sii -Ci )1+
(Sii -Ci )1−
(Sii -Ci

)2+

(Sii -Ci )2+
1+
(Sii -Ci

)2−

(Sii -Ci )2−
1−

Etotal [AU]
(hybrid)
−469.19

−468.31

−12897.04

−469.21

−12893.18

−469.66

−12904.61

−12907.87

−468.32

−469.63

−467.85

−467.84

The double charge symbols mean the following: Aqq12 is the defect A in the q1 charge state with
the geometry of the q2 charge state. In the last column values are given in atomic unit or
hartree (1 hartree = 27.2113961 eV).

106

B. Total energy tables

B.4

B.4. Nitrogen-related defects

Nitrogen-related defects

Configuration

Etotal [eV]
(LDA)

SiO2

perfect

O0i

in SiO2

−79376.26

O2−
i
0
O2
O−
2
O2−
2

in SiO2

NO0

in SiO2

−

in SiO2

−

in SiO2

CO0

in SiO2

−

CO

in SiO2

CO2−

in SiO2

4H -SiC/SiO2

perfect

Defect

NO

−80244.49

in SiO2

interface

2O0if
(VC O2

−80238.64

in SiO2

O0if

interface
)0

intreface

NC+

interface

(Ci )0C

interface

(Ci )−
C

interface

((Ci )C + VC O2 )−

interface

((Ci )C + Oif )0

interface

)−

interface

((Ci )C + Oif
N+
if

interface

N0if
N−
if

interface

(Nif + VC O2 )−

interface

interface

−79806.93

−79816.73

in SiO2

CN

Ecorr. [eV]
(corrected Etotal )

−80249.58

−80076.39

−80081.00

−79802.50
−79961.67

−79965.02

−79969.16

−80081.16

−79802.25
−79964.88

−79968.34

−34653.38

−35085.91

−35517.76

−35366.76

−34765.92
−34802.52

−34807.04

−35522.59

−35238.77

−34806.36

−35520.75

−35241.75
−34915.78

−34920.79

−34920.01

−35641.30

−35640.43

−34925.36

−34924.92

Continued on next page
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B.4. Nitrogen-related defects

Configuration

Etotal [eV]
(LDA)

(Ci = Ci )0

interface

(Ni = Ci )+

interface

−34957.03

)0

interface

(Ni = Ci )−

interface

)+

interface

(Ni = Ni )0

interface

Defect

(Ni = Ci
(Ni = Ni

−35069.63

−35073.32

−35076.37

−35184.72

−35189.14

108

Ecorr. [eV]
(corrected Etotal )

−35072.70

−35074.14
−35188.28
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